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Resumen
La fabricación de vehículos ligeros constituye una estrategia prometedora en cuanto a
la reducción del consumo de combustibles fósiles y las emisiones de gases de efecto inver-
nadero. El magnesio es un material muy conveniente para tal fin debido a su excelente
resistencia específica. Sin embargo, ciertos aspectos, tales como su baja ductilidad y alta
anisotropía mecánica a temperatura ambiente, obstaculizan su uso general a nivel indus-
trial. La aleación de magnesio con otros elementos químicos es una estrategia prometedora
dado que este material reacciona fácilmente con otros compuestos formando precipitados y/o
fases intermetálicas que afectan de una manera severa a la competición entre los diferentes
mecanismos de deformación y microestructura, y por lo tanto, a sus propiedades mecánicas.
Las estrategias tradicionales enfocadas al desarrollo de nuevas aleaciones de magnesio
con propiedades mecánicas avanzadas se han basado en extensas, largas y costosas campañas
experimentales para evaluar las propiedades de las nuevas aleaciones. Esta limitación podría
ser resuelta aplicando Métodos Combinatorios en este proceso. Dicha metodología, aplicada
inicialmente en la industria química y farmacéutica, permite producir y caracterizar un
gran número de nuevos materiales en muy poco tiempo. Sin embargo, su implementación
efectiva en procesos metalúrgicos requiere el desarrollo de diversas nuevas tecnologías. En
concreto, se pueden destacar dos aspectos tecnológicos sin resolver: en primer lugar, un
nuevo método que permita la caracterización de los diferentes mecanismos de deformación
del magnesio y sus aleaciones de una forma rápida requiriendo poco material; y segundo,
nuevos modelos matemáticos que sean capaces de reproducir el comportamiento mecánico
real de estos materiales a nivel tanto micro- como macroscópico. En cuanto al primero,
nanoindentación es una técnica muy prometedora ya que, además de ser fácil de usar y
rápida, requiere cantidades de material muy reducidas. Respecto al segundo aspecto, los
modelos de plasticidad cristalina cumplen con los requisitos dado que son capaces de capturar
la deformación plástica por deslizamiento cristalográfico y maclado.
La presente tesis doctoral constituye un elemento fundamental en cuanto a la superación
de estas dos limitaciones. El principal objetivo de esta tesis doctoral ha sido el estudio
v
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de la competición de los diferentes mecanismos de deformación del magnesio y sus alea-
ciones bajo diferentes condiciones, combinando técnicas avanzadas de caracterización, como
nanoindentación de monocristales, microscopía de fuerza atómica o microscopía de electrones
retrodispersados, junto con avanzadas técnicas de simulación basadas en novedosos modelos
de plasticidad cristalina. Se ha constatado que la dureza y la deformación residual y la
microtextura alrededor de la indentación dependen de una manera notoria de un efecto com-
binado de la orientación del cristal indentado así como de la temperatura de ensayo. Dichas
dependencias han sido explicadas satisfactoriamente desde un punto de vista tanto analítico
como numérico debido a la activación de diferentes modos de deslizamiento y maclado en
las áreas cercanas a la zona de ensayo. Se ha demostrado que, mientras que los principales
mecanismos de deformación a temperatura ambiente son el deslizamiento basal y el maclado
de extensión, la deformación plástica a alta temperatura es dominada por deslizamiento basal
y prismático. Se mostrado que el incremento de actividad prismática con la temperatura es
compensada con una reducción muy importante de la actividad de maclado de extensión.
Además, se ha desarrollado un novedoso modelo de plasticidad cristalina que considera la
micromecánica real del maclado de extensión. Además, se ha constatado que es fundamental
tener en cuenta que la nucleación de una macla es un proceso que requiere estados tensionales
mucho más severos que su propagación a la hora de reproducir la evolución de la actividad
de dicho mecanismo de deformación con la temperatura.
Además, se ha demostrado que el maclado de extensión es un mecanismo de deformación
afectado severamente por efectos tamaño. Nuestros resultados experimentales evidencian que
la activación de una macla requiere la concentración de altas tensiones en un determinado
volumen. Finalmente, se ha desarrollado una nueva y práctica metodología para estimar la
tensión crítica resuelta de aleaciones de magnesio de interés industrial. Esta metodología, que
se basa en la variación de la dureza con la orientación cristalográfica del grano indentado, ha
sido diseñada teniendo en cuenta estándares industriales de manera que pueda ser utilizada
fácilmente por la comunidad industrial. La metodología propuesta, validada inicialmente
para magnesio puro, ha sido utilizada para estudiar los mecanismos de deformación de una
aleación de magnesio de tierras raras aleada con un 1% de manganeso y 1% de neodimio.
Se ha demostrado que la adicción de tierras raras conlleva una importante reducción de la
resistencia relativa de los sistemas de deslizamiento basales y no basales, lo que justifica
la mayor isotropía mecánica mostrada por este material en comparación con aleaciones de
magnesio convencionales.
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Abstract
Weight reduction is a cost-effective approach to decrease the fossil fuel consumption and
greenhouse gas emissions of the transport industry. Magnesium, the lightest structural metal,
constitutes a significant alternative as weight-saving material. However, some issues hinder
its widespread use in the industry, like its low ductility and high mechanical anisotropy
at room temperature. Due to its high chemical activity, alloying is a promising strategy
to overcome these limitations, as magnesium easily reacts with other compounds to form
precipitates and/or intermetallic phases which heavily affect the competition between the
different deformation modes and microstructure, and therefore, its physical properties.
Traditional approaches to develop novel magnesium alloys with enhanced mechanical
properties rely on vast and time-consuming experimental campaigns in order to assess the
mechanical properties of the new alloys. This limitation could be solved with the application
of Combinatorial Methods in this process. This new methodology, initially applied in the
chemist and pharmaceutical industries, allows to produce and characterise a great number of
new materials in a very sort time. However, the effective implementation of such approach
requires the development of several new technologies. Among others, two main unresolved
technological issues can be mentioned: first, a new approach to characterise the different
deformation modes of magnesium and its alloys in an easy and fast way; and second, new
material models that are able to reproduce the real mechanical behaviour of magnesium and
its alloys at the macro- and micro-mechanical scale. Regarding the first one, nanoindenta-
tion seems to be a perfect candidate as, in addition to being easy and fast, requires small
amount of material. Regarding the second one, crystal plasticity models meet perfectly the
requirements as they are able to capture plastic deformation by crystallographic glide and
mechanical twinning.
The present Ph.D. thesis constitutes a milestone in order to overcome these two last
limitations. The main objective of this research has been to study the competition between
the different deformation modes in magnesium and its alloys under different testing condi-
tions, combining advanced characterisation techniques, like single crystal nanoindentation,
vii
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atomic force microscopy and electron backscatter diffraction, with novel crystal plasticity
modelling approaches. It has been shown that the hardness and the residual deformation
and microtexture around an indent highly depend on the combined effect of the orientation
of the indented plane and testing temperature. Such dependencies have been successfully
explained from an analytical and numerical point of view due to the activation of different
slip and twin modes in different areas in the surroundings of the indent. It is demonstrated
that, while the main deformation modes at room temperature are basal slip and tensile
twinning, the plastic deformation at high temperature is dominated by basal and prismatic
slip. It is shown that the increase of prismatic activity with temperature is compensated by
a dramatic decrease of tensile twin activity as temperature increases. In addition, a novel
crystal plasticity model which takes into account the micromechanics of tensile twinning has
been developed. In is shown that, in order to properly reproduce the evolution of tensile
twin activity with temperature, it is fundamental to take into account the fact that twin
activation is a process which requires a much bigger stress than twin propagation.
It has been also demonstrated that mechanical twinning is a process highly affected by
size effects. Our results provides experimental evidences that twin activation requires the
concentration of high stresses in a certain activation volume. Finally, a novel and practical
methodology has been developed in order to estimate the critical resolved shear stresses
of industrial magnesium alloys. This methodology, which is based on the variation of the
hardness with the crystallographic orientation of the indented grain, is designed taking into
account industrial standards so it can be easily applied by the alloy development commu-
nity. First validated in pure magnesium, the proposed methodology is applied to study the
deformation modes of a rare-earth magnesium alloy containing 1% of Manganese and 1%
of Neodymium. It is shown that the addition of rare-earth elements lead to an important
reduction between the relative strength of the basal and non-basal slip systems, which jus-
tifies the much more isotropic mechanical behaviour of this material in comparison with
conventional magnesium alloys.
viii
List of Abbreviations
Mg Magnesium
RT Room temperature
Fe Iron
Al Aluminium
Mn Manganese
Zn Zinc
Zr Zirconium
EBSD Electron backscatter diffraction
HCP Hexagonal close-packed
AFM Atomic force microscopy
CPFE Crystal plasticity finite element
CRSS Critical resolved shear stress
CRSStw CRSS for twinning
AZ31 3 wt.% Al, 1 wt.% Zinc, Mg balance
D Diameter of a micropillar
 Normal stress
 Shear stress
ix
Abbreviations
CP Crystal plasticity
FE Finite element
FIB Focused ion beam
FCC Face centred cubic
FCT Face centred tetragonal
ISE Indentation size effect
BCC Body centred cubic
MN11 1 wt.% Mn, 1 wt.% Nd, Mg balance
SEM Scanning electron microscopy
SE Secondary electrons
BSE Backscattered electrons
DC Direct current
AC Alternating current
PID Proportional integral derivative
UMAT User-defined material subroutine
IP Integration point
GND Geometrically necessary dislocation
C3D10M Quadratic tetrahedral element
C3D8 Linear hexahedral element
TT Tensile twin
GB Grain boundary
Y Yttrium
Gd Gadolinium
x
Nomenclature
 Internal variables of the CP model
 Cauchy stress tensor
F Deformation gradient
F e Elastic part of the deformation gradient
F p Plastic part of the deformation gradient
I Second-order identity tensor
Kel Stiffness matrix of a finite element model
Lpre sl Re-slip contribution to the velocity gradient
Lpsl Slip contribution to the velocity gradient
Lptw Twin contribution to the velocity gradient
L Velocity gradient
Lp Plastic velocity gradient
msl Unit vector in the slip direction of the slip system 
mtw Unit vector in the twin direction of the twin system 
nsl Unit vector perpendicular to the slip plane 
ntw Unit vector perpendicular to the twin plane 
Q Rotation matrix associated with the twin transformation of the twin system 
xi
Nomenclature
R Loads applied in the nodes of a finite element model
R(F e) Tensorial residual function depending on the elastic deformation gradient
S Second Piola-Kirchoff stress tensor
S Schmid tensor of the slip system 
S Second Piola-Kirchoff stress tensor corresponding to the twin plane 
Se Green-Lagrange strain tensor
Sparent Second Piola-Kirchoff stress tensor of the parent phase
x Nodal displacements of a finite element model
 Declination angle
ik Kronecker delta
_0 Reference shear strain rate
_ Shear rate of the slip system 
_f0 Initial twin tranformation rate
  Accumulated shear
tw Characteristic shear of twinning
C Fourth-order elastic tensor
C Stiffness tensor reorientated by the twin transformation of the variant 
J Fourth-order tensor corresponding to the Jacobian obtained as @R(F
e)
@F e
K Material tangent matrix
 Cauchy stress
tw Stress state related to the formation of a twin
 Shear stress acting on the slip plane 
c;0 Initial critical resolved shear stress of the slip plane 
c;s Saturation critical resolved shear stress of the slip plane 
c Critical resolved shear stress of the slip system 
  Shear stress acting on the twin plane 
 c;0 Initial critical resolved shear stress of the twin plane 
 c;s Saturation critical resolved shear stress of the twin plane 
xii
Nomenclature
 c Critical resolved shear stress of the twin plane 
 nucl Nucleation stress of the twin plane 
 pro Propagation stress of the twin plane 
 Twin system 
Ac Contact area of an indentation
asl Hardening exponent for slip
atw Hardening exponent for twinning
d Perturbation in the numerical evaluation of the material tangent matrix
E Young’s modulus
Ei Young’s modulus of the indenter
Er Reduced modulus
Etw Energetic barrier related to the formation of a twin
f  Volume fraction of the twin system 
f pro Initial twin volume fraction of the propagation process of the twin plane 
H Hardness
h Transition depth at which the conical part of an sphero-conical tip begins to stablish
contact with the sample
h Hardening modulus of the slip system 
h0 Initial hardening modulus of the slip system 
hc Contact depth of an indentation
hf Final indentation depth after completing the unloading
hmax Total depth at maximum load during an indentation
J Determinant of the deformation gradient
msl Rate-sensitive exponent for slip
mtw Rate-sensitive exponent for twinning
Nsl Number of slip systems
Ntw Number of twin systems
Pmax Maximum load reached during an indentation
xiii
Nomenclature
q Latent hardening parameter
qsl sl Slip-to-slip hardening parameter
qtw sl Twin-to-slip hardening parameter
S Stiffness of the unloading curve of an indentation
SF Schmid factor
v Poisson’s ratio
vi Poisson’s ratio of the indenter
Vtw Activation volume related to the formation of a twin
xiv
"We live in a society exquisitely dependent on sci-
ence and technology, in which hardly anyone knows
anything about science and technology"
Carl Sagan
1
Introduction
1.1 Introduction to magnesium
Magnesium (Mg) is an alkaline-earth metal that belongs to Group II of the periodic table.
It is solid at room temperature (RT) and its atomic number and atomic weight are 12 and
24.305 amu respectively. Its melting point is 651 ℃ and it transforms into gas at 1107 ℃
[1].
Mg is the 4th more abundant element on Earth, following iron (Fe), oxygen and silicon.
Moreover, it is the second most abundant metal in seawater [2]. However, Mg is never found
in nature in its pure state, since it readily reacts with other elements to form compounds
[1]. The most common compounds of Mg are dolomite (MgCO3•CaCO3) and magnesite
(MgCO3).
Table 1.1 shows a comparison of the physical properties of Mg, aluminium (Al) and Fe [2].
Mg has a density (1.74 g/cm3) of about 2/3 that of Al and 1/4 that of Fe, which makes him
the lightest structural metal. In addition to its low weight, this material has useful properties
such as shielding against electromagnetic waves, good capacity for vibration damping, dent
resistance, machinability, good castability, good weldability (in controlled atmosphere), high
1
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recyclability, and low toxicity in humans [2–4].
Metal Specific Melting Boiling Tensile Elongation (%)gravity point (℃) point (℃) strength (MPa)
Mg 1.74 650 1110 98 5
Al 2.74 660 2486 88 45
Fe 7.86 1535 2754 265 45
Table 1.1: Comparison of the physical properties of Mg, Al and Fe.
The low density of Mg alloys makes them excellent candidates for weight-critical appli-
cations. In particular, Mg alloys are very promising materials in the transport industry [5],
including the automotive and aerospace sectors, where weight reduction is a top priority in
order to decrease the fossil fuel consumption, and therefore, the corresponding CO2 emis-
sions. With regard to automotive applications, the use of Mg alloys is focused on parts
without structural responsibility, such as gearbox housings or steering wheels (Fig. 1.1a),
although they are also used in interior parts such as seat frames (Fig. 1.1b), driver’s airbag
housings or steering column housings. Table 1.2 shows the significant weight reductions that
could be achieved if different parts of a car are made of Mg instead of Al or steel.
Component
Engine block Gear box + Oil pan Four wheels Engine cradleclutch housing
Cast iron Al alloy Al alloy Al alloy Steel Al alloy Steel Al alloy
Traditional solution (kg) 32 23.5 21.5+5 3 36 23 25 17.5
Mg alloy solution (kg) 19 15+3 2 18 18 15 15
Weight reduction (kg) 13 4.5 6.5 1 18 15 10 2.5
Weight reduction (%) 40 19 30 33 50 22.5 40 30
Table 1.2: Advantages in weight reduction offered by Mg alloys in the automotive sector.
Weight reduction is also of great importance in the aerospace industry. Some examples
of aircraft parts made of Mg alloys are gearboxes (Fig. 1.1c), thrust reversals or helicopter
transmissions casings. Mg alloys are also very attractive for the health care industry [5].
The combination of its elastic modulus, compressive strength and density, which are closer
to those of natural bone than those of any other material [6], and its fracture toughness,
which is much higher than that of hydroxyapatite, makes Mg alloys perfect candidates for
bone replacement applications. In addition, Mg has very good biocompatibility and it is
biodegradable in human body fluids. This last feature is critical for biomedical applications
where it is necessary to remove the implant, as this step will be performed automatically
without any kind of surgery. Absorbable metal stents, which currently are made of Mg (Fig.
1.1d), are a good example of this application.
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(a) (b)
(c) (d)
Fig. 1.1: Examples of industrial components made of Mg alloys: (a) Steering wheel; (b) Seat
frame; (c) Gear box of a high-bypass turbofan engine; (d) Absorbable metal stent.
However, Mg has also some disadvantages, such as a low strength, low ductility and high
mechanical anisotropy at RT, poor mechanical behaviour at high temperature, high per-
centage of shrinkage cracks during solidification, high chemical reactivity, and low corrosion
resistance [3, 4].
1.2 Development of new alloys: classical vs. new ap-
proaches
The classical approaches used in order to develop novel alloys are based on changing
the composition, application of different thermo-mechanical treatments or a combination of
both of them [7–9]. By doing so, it is possible to change different microstructural properties
(crystallographic structure, grain size, solute concentration, precipitates distribution, etc.)
which lead to dramatic variations of the mechanical, magnetic and electrical properties. In
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particular, alloying is an excellent strategy to overcome the main limitations of Mg alloys, as
this material is highly chemically active and hence, easily reacts with other alloying elements
to form precipitates and intermetallic compounds which modify their deformation mechanics
and microstructure. The most common alloying elements in Mg are [5, 10,11]:
• Al, the most common alloying element of Mg alloys, increases their hardness and
strength. In addition, it also promotes an improvement in the castability.
• Zinc (Zn), which is usually added together with Al, helps to increase the strength
without decreasing the ductility.
• Manganese (Mn) improves the resistance of Mg-Al and Mg-Al-Zn alloys against salt-
water corrosion. However, its effectiveness is limited by the low solubility of Mn in
Mg.
• Rare earths, such as Neodymium (Nd), Cerium or Yttrium, increase the strength (spe-
cially at high temperature), creep and corrosion resistance. In addition, some rare
earth alloying elements have proved to decrease the difference between the strength of
basal and non-basal slip systems [12].
• Zirconium (Zr) is an excellent grain refiner when incorporated into Mg alloys containing
Zn or rare earths.
However, the current alloying-based approaches used to develop enhanced Mg alloys are
based on trial-and-error strategies which are expensive and time consuming and, furthermore,
demand important amounts of material.
Combinatorial methods for material science is a promising approach to develop new
metallic alloys which does not suffer from the limitations of classical methods. This new
methodology, initially applied to the chemist and pharmaceutical industries [13], allows sci-
entists to quickly asses a broad range of manufacturing conditions and compositions, as well
as the corresponding microstructure and physical properties. This method is based on the
manufacturing and characterisation of a great number of materials with different character-
istics (chemical composition, grain size, precipitates structure, etc.) in a very short time
speeding up the discovery of new metallic alloys. This methodology is based on fabricating
large number of sample libraries in one single operation. The technique of diffusion multiple
[14], for example, which consists in the creation of composition gradients and intermetallic
phases by long-term annealing of junctions of three or more phases/alloys, allows to create
microscopic libraries. Other methods, such as high-throughput casting by arc melting, are
currently under development to fabricate macroscopic libraries. Characterization techniques
such as X-ray diffraction, nanoindentation, electron backscatter diffraction (EBSD) or elec-
tron microprobe analyzer, combined with multiscale modelling techniques, such as molecular
dynamics, phase field or crystal plasticity (CP), allow to obtain phase diagrams, physico-
chemical properties or kinetics of phase transformations corresponding to a high number of
compositions using one single sample. However, the application of combinatorial methods
to Mg alloys is restricted due to the lack of two main technologies: first, a high-throughput
screening technique that allows to map the mechanical properties of hexagonal close-packed
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(HCP) metals at the microscale level; and second, novel material models that capture the
complex deformation mechanisms of HCP metals that, using the appropriate multiscale
modelling framework, are able to reproduce the macroscopic mechanical behaviour of these
materials based on their micromechanical properties.
1.3 General objective
The main objective of the present Ph.D. thesis is to develop a novel high-throughput
screening technique for the characterisation of the deformation mechanisms of Mg and its
alloys at the microscale level together with the development of advanced material models
that capture their complex micromechanics. The proposed approach, which combines in-
strumented nanoindentation, EBSD, atomic force microscopy (AFM) and crystal plasticity
finite element (CPFE) simulation, constitutes a milestone in the development of new Mg
alloys with enhanced mechanical properties due to its easiness, rapidity and small amount
of material required for its application.
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"No amount of experimentation can ever prove me
right; a single experiment can prove me wrong"
Albert Einstein
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2.1 Magnesium
2.1.1 Crystallographic structure of Mg
The crystallographic structure of pure Mg at RT and atmospheric pressure is HCP [10].
This crystallographic structure has three layers of atoms (Fig. 2.1). In the top and bottom
layers, there are six atoms that arrange themselves at the corners of an hexagon and a
seventh atom that sits in the middle of the hexagon. The mid layer has three atoms located
in the triangular "grooves" of the top and bottom planes. There are six atoms in this HCP
unit cell. Each of the 12 atoms at the corners of the hexagon of the top and bottom layers
contribute 1/6 atom to the unit cell; the two atoms at the centre of these hexagons contribute
1/2 atom and each of the three atoms in the mid-layer contribute 1 atom. The coordination
number is 12. There are six nearest neighbours in the same close-packed layer, three in the
layer above and three in the layer below. The packing factor is 0.74.
The distances a and c shown in Fig. 2.1 are the dimensions (lattice parameters) of the
unit cell. The values of these parameters for pure Mg at RT are a = 0.32092 nm and c =
0.52105 nm with axes a1 = a2 = a3 6= c and angles  =  = 90°;  = 120°. The c=a ratio
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2.1. Magnesium
Fig. 2.4: Schematic representation of the relation between the applied normal stress  and
the resolved stress  .  is the angle between the tensile axis and the vector normal to the
slip plane and  is the angle between the tensile axis and the vector in the slip direction [15].
Mechanical twinning
According to Taylor’s criterion [16], the homogeneous deformation of a single crystal re-
quires the activation of five independent slip systems. Nevertheless, some crystallographic
structures may present a limited number of active slip systems, which implies that other
kind of deformation mechanisms, like mechanical twinning, have to be activated in order to
accommodate an arbitrary plastic deformation. This is typical in low-symmetry crystallo-
graphic structures, like hexagonal crystals with a large c=a ratio [17], such as Mg alloys [12].
Mechanical twinning, which is enhanced by large strain rates and low temperatures [18,19],
strongly affects the mechanical behaviour of Mg alloys, specially their yielding [20], work
hardening [21,22], ductility [23] and dynamic recrystallization [24]. The formation of a twin
involves the shearing of a portion of the crystal which is brought into a mirrored orientation
relative to the undeformed portion across the twin/habitus plane (Fig. 2.5). As a result, the
crystal undergoes a final plastic shear along the twin direction as shown in Fig. 2.5.
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question. They are the following:
1. Single crystal-based methods:
• Macroscopic single crystals : In this case, large single crystals are grown with dif-
ferent orientations and tested uniaxially to ensure that only one slip/twin mode
is activated. Under ideal conditions of alignment and friction-free effects, these
experiments can be analysed applying simple analytical models to obtain the
CRSSs [48]. Additionally, single crystal experiments can be reproduced by simu-
lation tools in order to fully characterized the CRSSs. For example, Zhang and
Joshi [49] calibrated their CP model to the single crystal experimental data ob-
tained by Kelley and Hosford [48], getting a very accurate set of CRSSs for pure
Mg. However, this methodology has some important drawbacks. First, the fabri-
cation of large single crystals and testing them under restrictive testing conditions
is complex and time consuming. Second, this disadvantage is compounded by the
fact that one single crystal, and the corresponding mechanical test, is necessary
to characterise each deformation mode for each composition.
• Micropillars : The surge of nanotesting methods in the last years has led to the
development of a new methodology to measure the CRSSs. This new procedure
involves fabricating single crystalline micropillars with specific orientations by
Focused Ion Beam (FIB) techniques with a diameter in the nano and micrometer
range [50]. The small dimensions of the micropillars open up the possibility of
fabricating them from regular polycrystalline samples, thus avoiding the need of
producing large single crystals to study the CRSSs. These pillars are compressed
using a flat punch in a nanoindenter. The CRSS of the active slip system can
then be obtained by analytical or simulation methods. However, two main issues
appear when using this technique: size effects [51] and irradiation damage induced
by FIB [52]. In the micro and nanometer range, the yield strength obtained by
compressing micropillars increases as the pillar diameter decreases. At this scale,
the mechanical properties suffer from size effects, motivated by the limited number
of available dislocations sources in the tested small volume [51], which makes the
analysis more complicated. On the other hand, FIB micromachining results in the
introduction of defects on the surface of the micropillars due to the ion milling,
which affects their strength, thus altering the real values of the set of CRSSs
obtained.
2. Polycrystals-based methods: In order to avoid the drawbacks related to the fab-
rication of single crystal specimens, it is possible to measure the CRSSs by testing
conventional polycrystalline specimens. In this case, the use of simulation tools, spe-
cially CP models, is totally necessary as the active deformation modes cannot be
quantitatively characterised using analytical methods. However, using this methodol-
ogy, different sets of CRSSs can lead to the same solution. Although testing textured
samples reduces this possibility [20,53], the CRSSs of non-basal slip systems can be still
difficult to determine as their activation is somehow limited due to the specifications of
the mechanical test. Moreover, the obtained set of CRSSs would depend on the grain
size due to the Hall-Petch effect. And finally, several specimens will be necessary to
assess the CRSSs corresponding to each chemical composition.
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The ideal methodology to measure the CRSSs should require small amounts of material
and be easy to perform. In this context, the use of instrumented nanoindentation fulfils these
conditions. In the following section, a detailed review of the use of single crystal indentation
for determining the CRSSs of metallic materials is given, specifying the current limitations
of this methodology.
2.2.2 Single crystal indentation of metals: occurrence of twinning
The microdeformation mechanisms of metals may be characterized by indentation of
individual grains in such a way that the results are not affected by GBs. The hardness,
residual deformation and microtexture developed around the indent, should be a direct
consequence of the activation of different slip/twin systems. By analysing the variation of
the indentation response with the crystallographic orientation of the indented planes, and
making use of simulation tools, several authors have been able to study the single crystal
properties of face centred cubic (FCC) [54–56], face centred tetragonal (FCT) [57] and HCP
[58] metals. However, relatively few works have dealt with the occurrence of tensile twinning
during indentation, a key deformation mechanisms of Mg alloys. Shin et al. [59] confirmed
that, in addition to hc + ai dislocations, tensile twinning is necessary to accommodate the
plastic deformation developed under an indentation in magnesium single crystals. Moreover,
they found that twin formation is influenced by the orientation of the indented plane. Very
recently, Zambaldi et al. [60] studied the active deformation mechanisms of Mg at RT using
single crystal indentation. They observed different twinning patterns on the surface near the
indent depending on the crystal orientation, confirming the orientation dependence found by
Shin et al. [59]. By coupling their experimental results with CPFE simulation, Selvarajou
et al. [61] were able to relate the deformation patterns induced during the indentation of
pure Mg single crystals with the activation and propagation of tensile twins (TTs), although
only for a limited number of crystallographic orientations.
However, despite the works mentioned above, the following issues related to single crystal
indentation of pure Mg remain unsolved:
• Understanding the formation of twins and the development of orientation-dependent
deformation patterns around the indents for the complete range of crystallographic
orientations of the indented plane.
• Due to the small volumes of material affected by small indentations and to the described
size effects that affects twin activation (Section 2.1.2), some kind of indentation size
effect (ISE) is expected on twin development. To date, no studies have analysed this
issue.
• All the single crystal indentation studies on pure Mg were carried out at RT. However,
no studies have extended this methodology to high temperature.
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2.3 Review of CP models applied to Mg
As it was commented in the Introduction of this Ph.D. theses, the use of simulation tools
is a key part in the novel approaches to develop advanced alloys with better mechanical
properties. In this section, a detailed description of the main simulation techniques used to
reproduce the mechanical behaviour of Mg alloys is given, with particular emphasis on the
complexity introduced by mechanical twinning.
CP constitutes one of the most appropriate approaches to reproduce the mechanical be-
haviour of crystalline materials in the micrometer range. While other simulation techniques,
such as dislocation dynamics [62–65] or atomistic simulation [64,66,67], can be used for this
purpose, they present drastic length- and time-scale limitations which prevent them to be
applied in an effective way. First CP models consider crystallographic glide as the main
contributor to plastic deformation [16,68–71]. This deformation mechanism, which is known
to introduce a gradual plastic shear as the imposed strain increases, has been successfully
implemented for FCC [72–80], body centred cubic (BCC) [72,73,78,81,82], HCP [58,82–84]
and FCT metals [57]. In contrast to slip, as discussed in Section 2.1.2, mechanical twinning
results in an abrupt rotation of the crystal lattice [25,26] with an associated constant plastic
shear. This peculiarity introduces several challenges in the implementation of this deforma-
tion mode into conventional CP models. The first author that was able to effectively take
into account the reorientation induced by twinning was Van Houtte [85] in a model aimed
at modelling the mechanical response and texture evolution of a polycrystalline aggregates.
There, the polycrystal is modelled by a set of discrete artificial grains or material points
with a particular orientation and a fixed weight. By accurately tracking the evolution of
the twinned regions in each individual grain, the model decides at each time step whether
to rotate or not the entire grain into the dominant twin system based on the twinned vol-
ume fractions in the grain and in the entire polycrystalline aggregate using a Monte Carlo
approach. While this model allows to keep the number of grains fixed, and therefore, to
overcome the constrains of previous approaches that were limited by the need of increasing
the number of material points as more twins are activated, it still presents some limitations.
First, the correct application of the mentioned statistical criterion requires an important
number of grains in the model in order to be representative of the actual response of the real
material. Second, the reorientation of each grain is based on the twinned fraction at each
time step, without considering the previous deformation history. In order to overcome the
latter limitation, Tomé et al. [86]. modified Van Houtte’s model and proposed the so-called
Predominant Twin Reorientation Scheme, where the reorientation of the whole grain takes
place when the cumulative fraction of a twin system reaches a threshold value. However, in
this approach, the grain is reoriented only taking into account the dominant twin orientation
and therefore, the information of the rest of twin variants activated during the simulation is
lost. In order to solve this issue, Tomé et al. [86] suggested a second approach, the Volume
Fraction Transfer Scheme. In this case, the initial model definition considers a complete set
of orientations that represents the whole Euler space, and it assigns the appropriate weights
to each orientation. In contrast with the earlier models, these weights are modified during
the execution of the simulation in order to take into account all the twin reorientations and
their associated volume fractions. However, this model still needs a large number of starting
material points as, even if the initial material possesses a strong texture, and therefore, could
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be represented by a limited number of initial orientations, the entire Euler space must be
covered in order to reproduce the final textures that may be induced during the deformation
process which are not known beforehand. This limitation was solved by Kalidindi’s model
[87], where a different approach was used. In this case, each material point is considered to
be a composite material made of two phases: a parent or untwinned phase, which takes into
account the plastic deformation accommodated by crystallograhpic glide on the different
slip systems, and a twinned phase, which accounts for the plastic deformation and crystal-
lographic reorientation induced by the activation the different twin modes. Each phase is
associated to a specific volume fraction that is modified as the deformation is imposed, and
therefore, it is possible to track the activity of all the twin systems and its associated volume
fraction without the need of defining a minimum number of initial orientations. Kalidindi’s
approach has been extensively used in the literature in order to capture the effect of twinning
on the mechanical response [88–92] and microtexture evolution [89,91–93] of polycrystalline
Mg alloys.
The implementation of Kalidindi’s model into the appropiate FE frameworks may open
up the possibility of using such approach to reproduce the micromechanics of Mg single
crystals. Indeed, Selvarajou et al. [61] were able to qualitatively reproduce the behaviour
or pure Mg single crystals subjected to indentation tests using a CPFE model based on
Kalidindi’s approach. However, Kalidindi’s model is based on the underlying idea that each
material point represents a grain or at least a large fraction of it. When simulating mechanical
tests, like micropillar compression or single crystal indentation, the actual integration volume
of each material point is several orders of magnitude smaller than the volume of the crystal.
If Kalidindi’s model is used directly to simulate this kind of mechanical tests, several issues
will arise, such as:
• Under that conditions, only one twin system should be activated per material point.
However, Kalidindi’s model allows the activation of all the twins systems.
• If only one material point is used to reproduce a grain, the effective local stresses
responsible for the twin nucleation and propagation events are not properly captured.
Therefore, in order to properly reproduce the mechanical response of a Mg single crystals,
the current models in the literature should be adapted to take into account this issue.
2.4 Objectives and structure of the document
The main purpose of the present Ph.D. dissertation is to overcome all the limitations
commented in the previous sections, which will help to speed up significantly the development
of new Mg alloys with enhanced mechanical properties. In particular, the project is divided
into three main objectives:
1. Objective 1: Complete study of the deformation mechanisms of pure Mg single crys-
tals at RT using nanoindentation, EBSD, AFM and CPFE simulation. Special empha-
sis is placed on the effect of the crystallographic orientation of the indented plane on
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the hardness, microtexture and residual deformation around the indents. In addition,
a detailed analysis of possible ISE effects on twin development is performed.
2. Objective 2: Development of a nanoindentation-based technique to estimate the
CRSSs of Mg alloys under specific testing conditions, i.e, small indentation depths.
This technique is validated in pure Mg and used to infer the effect of alloying elements
of an MN11 (1 wt.% Mn, 1 wt.% Nd, Mg balance) alloy.
3. Objective 3: Extension of the methodologies developed in Objectives 1 and 2 to high
temperature. Special attention is paid to the effect of temperature on the competition
of the different deformation modes.
In order to fulfil these objectives, the document is structured as follows. The most
important materials and experimental techniques used in the present Ph.D. thesis are briefly
described in Chapter 3. Chapter 4 includes a detailed description of the simulation tools
used in the framework of this project. The results related to Objectives 1, 2 and 3 are
included in Chapters 5, 6 and 7 respectively. Finally, the main conclusions drawn from this
work and some recommendations for future studies are summarized in Chapter 8.
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"If I have seen further than others, it is by standing
upon the shoulders of giants"
Isaac Newton
3
Materials and experimental techniques
3.1 Materials
The main material investigated is a rolled and annealed sheet of pure Mg, whose com-
position is depicted in Table 3.1, with an average grain size of  80 m and with a strong
basal texture. In addition, the rare-earth magnesium MN11, which contains 1 wt.% of Mn
and 1 wt.% of Nd, was used in order to analyse the effect of rare-earth elements on the
microdeformation mechanisms. The average grain size of this material was  10 m and it
exhibited a weak texture.
Element Mg Ca Fe Li Si Ni Zn Al Mn Cu Na K Pb P
(ppm) balance 12 14 < 1 146 2 33 10 140 5 < 1 2 20 16
Table 3.1: Composition of the pure Mg sheet used during this investigation.
21
Chapter 3. Materials and experimental techniques
3.2 Sample preparation
Sample preparation was challenging due to the softness of the investigated materials.
The procedure followed consisted on three main steps:
• Cutting & grinding: First, the sample is cut in such a way that its dimensions
are, more or less, 1 cm x 1 cm x 0.3 cm. In general, a wire cutting machine is
used to perform such task. After that, the surface of interest is manually ground
using abrasive SiC papers with a grit size of 320, 600, 1000 a 2000 (Fig. 3.1). That
particular sequence has to be followed ensuring that, in each step, the scratches from
the previous abrasive paper are totally removed before applying the next one. In order
to avoid any contamination between the different grinding steps, the sample has to be
carefully cleaned using ethanol.
Fig. 3.1: Abrasive SiC paper used for grinding.
• Mechanical polishing: The surface is then manually polished using a conventional
polishing machine (Fig. 3.2a) following a three-step procedure. First, the sample is
polished using a MD-Mol cloth with a 3 m diamond paste. Then, the sample is
further polished making use of a MD-Nap cloth impregnated with 0.25 m diamond
paste. Surface finishing is carried out using a MD-Chem cloth with a OP-S colloidal
silica solution. The sample has to be carefully cleaned using ethanol between the
different sub-polishing steps. Fig. 3.2b shows the different clothes used.
The grinding and polishing steps have to be performed manually, without mounting
the sample onto any kind of auxiliary material in order to avoid surface damage during
unmounting for nanoindentation testing.
• Surface finishing: The main objectives of this step are, first, to remove the eventual
scratches coming from the previous mechanical polishing processes, achieving a very
flat and shiny surface; second, to reveal the microstructural features, mainly GBs and
twins. Two routes were utilized:
Route A: Electropolishing using a Struers AC2 solution cooled to 5 °C and applying
a voltage of 20 V for 45 s.
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3.3 Microstructural characterisation techniques
3.3.1 Scanning electron microscopy
Scanning electron microscopy (SEM) uses a beam of accelerated electrons to image the
samples’ surface. The typical electron beam used in SEM has a wavelength between 1 and
0.50 nm, which, according to the Rayleigh criterion [94], allows for a resolution of a few of
nanometers [95].
When an electron beam hits a specimen, it interacts with the atoms of the sample,
producing different emissions with different interaction volumes. In particular, three main
emissions can be distinguished: secondary electrons (SE), backscattered electrons (BSE) and
X-rays. While the interaction volume of the SE is very small and is located at the very top
surface, the interaction volume of the X-rays is quite large and goes deep into the sample.
The BSE is an intermediate case (Fig. 3.4). Due to its importance in the development of
this Ph.D. dissertation, special attention will be placed in SE and BSE. SE are originated
from the collision between the electrons of the beam and the loosely-bounded outer electrons
form the surface of the sample (Fig. 3.5). As only SE generated close to the surface can
escape, SE provides mainly topographic information. Other possibility is that a fraction of
the electrons of the incident beam are retarded by the electromagnetic field of the nucleus
of the atoms of the sample in such a way that their trajectory is modified (Fig. 3.5). If the
scatter angle is large enough, they can escape from the surface, becoming what are called
BSE. As they interact with the atomic nucleus of the atoms, BSE provides information
related to the atomic structure of the sample.
Fig. 3.4: Interaction between an electron beam and the surface of a sample. The different
emissions induced and their interaction volumes [96] are illustrated.
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Fig. 3.5: Interaction between an incident electron and an atom producing secondary and
backscattered electrons [97].
Fig 3.6 [98] shows the main components of an scanning electron microscope. The electron
gun is responsible for the generation of the electron beam which is properly conducted to the
sample through the anode, magnetic lens and scanning coils. In order to take an image, the
sample, which is mounted onto the proper stage, is scanned by the electron beam following
a raster-scan pattern. As the position of the beam is known, using the signal collected by
the different detectors in each point, the image can be produced.
Fig. 3.6: Schematic of the main components of an scanning electron microscope [98].
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3.3.2 Electron backscatter diffraction
EBSD is an SEM-based technique which has become a well-known widespread material
characterisation method. It allows for microtexture quantification [99], grain and phase
boundary characterization [100], phase identification [101] and strain determination [102] in
crystalline multiphase materials.
EBSD is based on the acquisition and analysis of Kikuchi diffraction patterns from the
surface of a specimen in a SEM. When a stationary beam of electrons hits the specimen
surface, BSE are diffracted at the crystal lattice planes within the probe volume, according
to Bragg’s law and forming a set of paired large angle cones corresponding to each diffraction
plane, as shown in Fig. 3.7. The diffracted signal is collected and viewed via a low-light
camera interfaced to a phosphor screen, obtaining in this way the Kikuchi diffraction pat-
terns. In order to maximise the number of BSE which are able to escape from the specimen,
the sample is placed in a dedicated tilted holder so that it makes a small angle, typically
20°, with the incoming electron beam.
Fig. 3.7: Schematic of the formation of Kikuchi diffraction pattern [103].
The Kikuchi diffraction patterns provide crystallographic information that can be related
back to their original position on the specimen. The evaluation and indexing of the diffraction
patterns is performed in most cases automatically and the data is output in a variety of both
statistical and pictorial formats. One of the most versatile and revealing of these outputs is
the orientation map, which is a quantitative depiction of an area of microstructure in terms
of its crystallographic constituents.
Fig. 3.8 illustrates a standard EBSD setup, including the pre-tilted holder and a sensitive
detector which is used to collect the diffraction patterns.
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Fig. 3.8: Schematic of the set-up of an EBSD detector inside an scanning electron microscope
[104].
In the present Ph.d. thesis, an Helios NanoLabTM DualBeamTM 600i microscope (FEI,
[105]) equipped with an Oxford-HKL EBSD detector [106] was used in order to perform
EBSD and SEM characterisation. Fig. 3.9 shows the internal set-up of the EBSD detector
and the electron beam gun of such microscope.
(1)
(2)
Fig. 3.9: View of the interior of the camber of an Helios NanoLabTM DualBeamTM 600i
microscope: (1) Oxford-HKL EBSD detector; (2) Electron beam gun.
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3.3.3 Atomic force microscopy
Atomic force microscopy is a scanning probe microscopy technique which is able to mea-
sure the topography of a small surface with a very high resolution. With the appropriates
modifications, other surface properties such as friction or magnetism can also be charac-
terised. As shown in Fig. 3.10, the main components of an AFM are: (a) a cantilever with
an attached tip, (b) a laser source, (c) a photodiode detector and (d) a piezo transducer
that moves the sample in X-Y-Z directions. The operation of an AFM can be described as
follows. The cantilever holds a very sharp tip which scans the surface of the sample. As
the tip interacts with the topographic layout of the surface, the deflection of the cantilever
changes. On the other hand, the laser source points at the back of the cantilever, in such a
way that the laser is reflected on the photodiode detector, which able the system to easily
track the deflection (or height) of the cantilever.
Fig. 3.10: Basic components of an AFM: (a) a cantilever with an attached tip; (b) a laser
source; (c) a photodiode detector; (d) a piezo transducer that moves the sample in X-Y-Z
directions [107].
A key aspect in the operation of an AFM is the interaction forces between the tip and
the sample as a function of the tip-to-sample distance (Fig. 3.11). When the tip is far away
form the sample, there is no interaction between them. However, as the distance between
the sample and the tip decreases, their atoms begin to attract each other due to the van
der Waals forces. This attraction force increases until their electron clouds interact in such
a way that they repeal each other. As the tip-to-sample distance is further decreased, this
repulsion forces takes over the initial attraction forces.
Depending on the type of interaction between tip and the sample, there are three main
working modes of the AFM:
• Contact mode: In this mode, the tip is in permanent contact with the surface (Fig.
3.12 (a)), working in the repulsive regime of the tip-sample interaction curve (Fig.
3.11). As the tip scans the samples, the changes in the topography will induce changes
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Fig. 3.11: Force interaction between the tip and the sample as a function of the tip-to-sample
distance [108].
in the deflection of the cantilever. By using a feedback loop, the AFM system will
tend to maintain this deflection constant by changing the height of the cantilever. In
this way, the x, y and z coordinates of each point are accurately measured. The main
advantages of this mode are the high scan speeds and the high resolution that can be
achieved. However, its main disadvantage is that the lateral forces may damage the
sample.
• Non-contact mode: In this case, the tip is separated from the sample a distance of
the order of tens of Angstroms. Therefore, the interatomic force between the cantilever
and the sample lies in the attractive regime (Fig. 3.11). In the non-contact mode,
the system applies a constant vibration to the cantilever near its resonant frequency,
which correspond to an amplitude of a few tens of Angstroms (Fig. 3.12 (b)). At the
same time, the actual vibration of the cantilever is measured by the laser-photodiode
detector system. As the tip scans the sample, the tip-to-sample distance will vary due
to changes in the topography, which will induce variation on the measured oscillation
of the cantilever. The AFM system, in an attempt to keep that received oscillation
constant, will change the height of the cantilever using the appropriate feedback loop,
thus obtaining the x, y and z coordinates of each measured point. The main advantage
of this mode is that the lateral forces induced in the sample are very small, and
therefore, the damage of the sample surface is less likely than in the contact mode. On
the other hand, both the scan speed and the resolution are worse than those achieved
in the contact mode.
• Intermittent contact mode: Also called TappingModeTM (patented by Bruker
[109]), it can be considered a combination of the contact and non-contact modes, as the
interaction between the tip and the sample lies between the limits set by the attractive
and repulsive regimens (Fig. 3.11). As in the non-contact mode, here a vibration is
applied to the cantilever. However, in this case, the amplitude of oscillation is much
larger, in such a way that in specific moments the tip is actually in contact with the
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3.4 Instrumented nanoindentation
3.4.1 Basics of instrumented nanoindentation
Indentation is one of the most common ways of determining the mechanical properties of
a wide range of materials due to its ease and speed. It consists on pushing a hard indenter
(with spherical, conical or pyramidal shape) onto a flat surface. The hardness (H) value is
determined using the following equation [113,114]:
H =
Pmax
Ac
(3.1)
where Pmax is the maximum load applied on the indenter and Ac is the contact area of
the residual imprint at maximum load. Ac coincides with the area of the residual imprint,
as theoretically during the unloading period only elastic recovery takes place and hence, the
plastic deformation remains constant.
Traditional indentation testing requires measuring the area of the residual imprint by
optical methods. This clearly imposes a lower limit on the length scale of the indentation.
The capability developed in the last twenty years of continuously measuring the load and
displacement throughout the indentation has allowed to extend the scope of indentation
testing down to the nanometer range [115,116]. Fig. 3.14 shows the typical load-displacement
curve obtained from an indentation test. By applying the Oliver and Pharr method [115],
which is described in the following paragraphs, the contact area Ac can be estimated from
the stiffness of the unloading curve S (Fig. 3.14). This peculiarity allows to calculate
H without having to measure the area of the residual imprint manually. In addition, the
reduced modulus of material, Er, can be also calculated.
In the Oliver and Pharr method [115], Ac is calculated as a function of the contact depth,
hc (Fig. 3.15), according to:
Ac = F (hc) (3.2)
where F (hc) is called the area function, which strongly depends on the shape of the
indenter. The most common indenter geometries will be described in depth in the following
section. The contact depth, hc, is related to the total depth at maximum load, hmax, and
to the displacement of the surface at the perimeter of the contact, hs (Fig. 3.15), by the
following expression:
hc = hmax   hs (3.3)
The indentation depth at maximum load, hmax, can be calculated from the experimental
data. On the other hand, according to Sneddon [117], hs can be derived as a function of the
maximum load reached during the unloading segment, Pmax, and the contact stiffness, S,
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3.4.2 Indenter geometries
The geometry of the indenter is a key factor during instrumented nanoindentation. The
correct application of the Oliver and Pharr method [115] (Section 3.4.1) relies on the accurate
knowledge of the real shape of the indenter in order to properly estimate the Ac between
the indenter and the sample as a function of the contact depth hc (Eq. 3.2). In short, the
geometry of an indenter can be defined by two factors: (i) the angle between the indentation
axis and the surfaces of the indenter that are in contact with the sample (apex angle); and
(ii), the degree of symmetry of the indenter with respect to indentation axis. Regarding
the first parameter, the apex angle can vary from 0°, theoretical case of an infinitely sharp
needle, to 90°, which would correspond to a flat punch. Regarding the second factor, the
most common probe tips show a four-fold (Vickers), three-fold (Berkovich and Cube Corner)
or two-fold (Knoop) symmetry around the indentation axis. Also axisymmetric spherical and
conical indenter tips are widely used. Some of these tip probes are schematically shown in
Fig. 3.16.
Berkovich Cube CornerVickers Conical Spherical
a a
a
a
a = 65.3  a = 68  a = 35.3  a = variable 
Fig. 3.16: Most common indenter geometries [118].
Regarding conical tips, the fabrication of an infinitely sharp end is almost impossible
due to manufacturing constraints. Instead, the most common adopted solution is a sphero-
conical tip, which is composed by a conical and a spherical part, as shown in Fig. 3.17. One
important parameter of this kind of tips is the indentation depth at which the conical part
of the indenter begins to establish contact with the sample (refers as h in Fig. 3.17). This
transition depth can be calculated based on the radius of the spherical part, R, and the apex
angle of the conical part, , according to the following expression:
h = R  (1  sin ()) (3.9)
The Berkovich indenter is the most common tip probe used in nanoscale testing owing
to two main reasons: (i) three-fold pyramids are easier to grind to a sharp point in com-
parison with other tip geometries; and (ii), due to their very small tip radius, they display
a self-similar geometry even at small indentation depths, which implies that the elasto-
plastic deformation induced by the indenter is almost independent of the indentation depth.
However, as any non-axisymmetric indenter, the residual imprint induced by a Berkovich
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indenter is dependent on the relative orientation of the tip with respect to the sample, which
makes its physical interpretation more complex. Axisymmetric indenter tips, like sphero-
conical probes, do not suffer from this issue. In the present Ph.D. thesis both Berkovich and
sphero-conical tips have been used.
Fig. 3.17: Cross section of an ideal sphero-conical tip. [119].
3.4.3 Pile-up and sink-in deformation patterns
During the indentation of a material, the matter might flow around the indenter in such a
way that may differ notably with the theoretical case considered in Fig. 3.15. In particular,
two different deformation modes may take place: (i) Sinking-in, when the material is pulled
down toward the tip of the indent and (ii) Piling-up, when the material is pushed away
from the centre of the indent (Fig. 3.18). In this context, the determination of the actual
contact area becomes difficult and therefore the direct application of the Oliver and Pharr
method may lead to significant errors [120]. When the material piles-up around the indent,
the actual contact area increases. In addition, for a constant load, the indentation depth will
be reduced through better distribution of the load over a larger area. The combined effect of
both issues will lead to a important underestimation of the E and H when using the Oliver
and Pharr method [115]. Conversely, sinking-in will result in an overestimation of both
parameters. Roughly speaking, it can be said that materials which combine a high stiffness
with a low yield stress, i.e., in which the E
y
ratio is high, and do not show an important
strain hardening, they are prone to pile-up. On the contrary, sink-in deformation patterns
are found around materials with a low E
y
ratio. While this criterion may be correct for
isotropic materials, it fails when dealing with highly anisotropic materials. It will be shown
in this work that the deformation patterns found around an indent performed in a single
crystal depends on the complex competition between the different deformation mechanisms,
which will depend, among others, on the orientation of the indented plane and temperature.
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Fig. 3.18: Schematic of pile-up and sink-up deformation patterns formed around an indent
[121].
3.4.4 Thermal drift
Thermal drift takes place in a nanoindenter system when any component of the load
frame or sample stage expands or contracts during an indentation test due to the presence of
changing thermal gradients. This phenomenon will result in the measurement of an apparent
displacement that is not a true reflection of the material’s force-displacement response. As
a result, nanoindentation systems are extremely sensitive to thermal fluctuations, even as
small as 1°C. While this may not be a big issue when indenting at RT, thermal drift becomes
extremely important when the indentation test is performed at elevated temperature.
The main approaches used in order to correct thermal drift rely on applying a constant
load on the sample under the elastic regime. Under these conditions, in absence of thermal
drift, the actual displacement of the indenter should be zero. In general, during a regular
indentation test, this procedure is performed twice: at the beginning of the indentation,
just after establishing contact and applying a very small load, and during the unloading
segment, which is supposed to be purely elastic, at a small fraction of the maximum load.
By monitoring depth versus time during both states, the pre- and post-indentation drift
rates can be obtained and then used to correct the raw load-displacement curves.
An example of a post-indentation drift measurement is shown in Fig. 3.19 [122]. In
particular, three different load-displacement curves are shown, which correspond to three
indents performed in fused silica at 23, 320 and 500 °C respectively. The drift is measured
during the unloading segments holding a load of 1.9 mN for 10 s. The exact moment while
this drift measuring is taking place is marked in Fig. 3.19 with black arrows in each curve. It
can be observed that the displacement recorded during the drift measurement in the indent
performed at 23 °C is almost negligible. However, there is a noticeable displacement of
the indenter during this moment in the curves performed at 320 and 500 °C. This drift is
considered positive as the indentation depth decreases.
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Fig. 3.19: Load-displacement curves recorded on fused silica at 23, 320 and 500 °C. The
unload drift is measured by holding a load of 1.9 mN during the unloading segment for 10
s. [122].
It has been found that the most important source of thermal drift is originated by a
temperature difference between the tip and the sample, inducing therefore a thermal flow
between both of them. If the sample is hotter than the indenter, the heat will flow towards the
indenter. In order to keep a constant load, the system will react withdrawing the indenter,
producing a very similar behaviour than the one observed in Fig. 3.19 at 320 and 500 °C.
On the contrary, i.e., the indenter is hotter than the sample, the heat will flow towards the
sample, and the system will be forced to increase the penetration depth in order to maintain
a constant load.
3.4.5 Description of experimental apparatus
Two different commercial nanoindenter systems were used in the development of this
investigation: a TI 950 Triboindenter® from Hysitron [123] and a NanoTestTM from Micro
Materials [124].
The Hysitron 950 Triboindenter® makes use of a vertical-loading system based on a
three-plate capacitative transducer. The set-up of such device is schematically shown in Fig.
3.20 [125]. Both the top and bottom plates are fixed, while the centre one is mobile and used
as a base for the tip probe. The system is originally load-controlled and works as follows.
Firstly, the load is applied by imposing a known direct current (DC) voltage offset between
the lower plate of the transducer that electrostatically attracts the centre (floating) plate
downwards. In addition, two alternating current (AC) signals 180° out of phase with each
other are applied to the top and bottom plates. The centre (floating) plate is utilized to
pick up the resulting signal, which is the sum of both AC signals and will correspond to the
displacement of the centre plate.
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Fig. 3.20: Schematic of the Hysitron’s 3-plate capacitative transducer [125].
A granite bridge, which lays on an active vibration isolation system, is used to support
the other components of the apparatus. The sample stage is controlled by x-axis and y-
axis motors mounted on the bottom of the Triboindenter® base. On the other hand, the
transducers and the optic objective are fixed to the z-axis stage that is mounted on the
granite bridge. In order to isolate the system from undesired acoustic noise or thermal
currents, the entire apparatus is placed inside an acoustic and thermal enclosure (Fig. 3.21).
Fig. 3.21: Outside view of the Triboindenter® cabinet: (1) acoustic enclosure, (2) granite
bridge, (3) xy-stage; (b) Inside view of the TriboIndenter®: (4) Optic Objective, (5) z-stage,
(6) High Load Transducer, (7) Triboscanner that contains the 3-plate capacitative transducer
[126].
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The NanoTestTM system consists of a horizontal-loading configuration. In particular,
the heart of the apparatus is a pendulum that can rotate on a frictionless-pivot, as shown
schematically in Fig. 3.22 [126]. By passing a known voltage trough the coil mounted at
the top of the pendulum, an attraction force is induced between this coil and the permanent
magnet placed just in front of it. This force rotates the pendulum in such a way that the
tip is moved towards the sample. The displacement of the tip is measured by means of a
set of parallel plate capacitors: one plate is attached to the pendulum and the other one to
the main frame of the instrument. When the pendulum moves, the distance between both
plates changes, modifying therefore the capacitance of the system.
Fig. 3.22: Schematic of the pendulum-based horizontal-loading system of the NanoTestTM
indenter [126].
All the components mentioned previously are placed inside an environmental control
chamber, which can be purged with inner gas allowing to perform experiments in a controlled
atmosphere.
One important capability that is offered by the NanoTestTM system is the separate active
heating of both the indenter and the sample. This is achieved by installing independent
resistance heaters and control thermocouples in both components, as shown in Fig 3.23
[127]. By applying a suitable proportional integral derivative (PID) control loop on the
heating mechanisms, this configuration allows to achieve almost negligible thermal flows
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between the tip and sample even at high temperature testing.
Fig. 3.23: Schematic of the NanoTestTM hot stage showing separated tip and sample heaters
[127].
When comparing both indenter systems, the Triboindenter® system is characterized
by a much faster PID control loop of the requested load-displacement function than the
NanoTestTM. This fact provides the Triboindenter® system with the ability to capture
data much more precisely than the NanoTestTM, an aspect that is specially important when
fast transient events may occur during the indentation process. In addition, the sample
positioning and the automation capabilities offered by the Triboindenter® apparatus are
superior than the ones corresponding to the NanoTestTM. However, a complete different
scenario comes into play when testing at high temperatures. As commented in Section 3.4.4,
the presence of changing thermal gradients inside the indenter may lead to the alteration
of the true load-displacement curve of an indentation test due to the thermal expansion of
some elements of the loading system. The specific set-up of the NanoTest® system ensures
a much less severe thermal drift than the one achieved with the Triboindenter® system due
to two main reasons:
• The horizontal-loading system of the NanoTestTM allows the heat to rise in such a way
that there is no impact on the depth measurements sensors. Due to the vertical design
of the Triboindenter® system, the measurement sensors will be much severe affected.
• The NanoTestTM system allows to heat independently both the tip and the sample
(Fig. 3.23). The particular design of the three-plate capacitative transducer (Fig.
3.20) of the Triboindenter® system does not allow to control directly the temperature
of the tip, which will result in important thermal flows between the sample and the
tip, as shown in Fig. 3.24
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Fig. 3.24: Thermal flow between the sample and the tip without active and separate tip
heating [128].
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"It is paradoxical, yet true, to say, that the more we
know, the more ignorant we become in the absolute
sense, for it is only through enlightenment that we
become conscious of our limitations. Precisely one
of the most gratifying results of intellectual evolu-
tion is the continuous opening up of new and greater
prospects"
Nikola Tesla
4
Simulation techniques
4.1 Abaqus
The general purpose FE package ABAQUS 6.10 [129] was utilized to simulate the ex-
perimental nanoindentations. All the simulations were conduced adopting implicit solution
techniques (ABAQUS/Standard). Additionally, in order to capture the complex deformation
behaviour of Mg single crystals, several user-defined material subroutines, called UMATs,
were implemented and integrated in ABAQUS. Fig. 4.1 shows the general working flow
adopted by ABAQUS/Standard, underlying the specific steps that are affected by the out-
comes provides by UMATs. In order to begin an analysis, the first point is to define the
initial boundary conditions. After that, the different steps in which the problem has been
split into are performed. Each step is solved in a certain number of increments or time
steps. Each increment involves a set of non-linear equations, that are solved applying the
Newton-Raphson method in a certain number of iterations. In each iteration, first the stiff-
ness matrix of the system, Kel is calculated. As shown in Fig. 4.1, is in this step when
the outputs from UMATs are used. After defining the Kel, the next step is to calculate the
loads R. Finally, the global equationKelx = R is solved, where x is the displacements of
the nodes of the FE model. After that, the residual is calculated. If this residual is greater
than the limit imposed at the beginning of the analysis, the iteration has not converged and
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4.2. Crystal Plasticity Models
The plastic behaviour of the crystal, _, is modelled following a viscoplastic law as a
function of the resolved shear stresses, :
_ = _0
 jj
c
1=msl
sing () (4.4)
where _0 and msl are the reference shear strain rate and the rate-sensitive exponent for
slip [132], respectively.
The evolution of the glide resistance, c , for a slip system , is given by the expression
proposed by Asaro and Needleman [70]:
_c
 = h _ +
X
 6=
qh _ (4.5)
where the first and second terms of the right side of the expression defines the self-
and latent-hardening contributions, respectively. The first one refers to the evolution of the
CRSS of the slip system  caused only due to the plastic deformation in that specific slip
system and is defined by the shear rate on that slip system, _, and the hardening modulus,
h, which is defined by the following phenomenological expression:
h = h0 sech
2
 h0  c;s   c;0
 (4.6)
where c;0 represents the value of the c if the crystal has undergone no plastic deforma-
tion (also called as initial CRSS), h0 is the initial hardening modulus and c;s the saturation
CRSS. Fig. 4.4 shows schematically how the c;0 evolves with the accumulated shear  ,
imposing an initial tangent modulus of h0 , until it reaches the saturation value c;s (only if
the self-hardening is considered). The accumulated shear   can be expressed as:
  =
Z X

j _jdt (4.7)
On the other hand, the latent-hardening contribution is defined by the latent-hardening
parameter q and represents the contribution of the slip on the plane  in the hardening of
the slip system 
The second Piola-Kirchoff stress tensor, S, is calculated based on the Green-Lagrange
strain tensor, Ee, both in the reference configuration, according to the following expressions:
S = C : Ee (4.8)
Ee =
1
2

F e
T
F e   I

(4.9)
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considered. In this case, as only tensile twinning is included in the model, tw = 0:129 [49].
Finally, the re-slip contribution, Lpre sl, is expressed as:
Lpre sl =
NtwX
=1
_f 
 
Nsl twX
=1
_

s

sl 
m

sl
!
(4.14)
where ssl and m

sl determines the slip system , which has been reorientated due to the
rotation Q associated with the twin transformation of the twin system ,
Q = 2mtw 
mtw   I (4.15)
where I is the second order identity tensor.
The plastic slip rates, _ and _ , follow the same behaviour than the previous model
(Eq. 4.4). In a similar way, the evolution of the twinning transformation rate _f  is also
defined by a viscous law:
_f  = _f0
h i
 c
1=mtw
(4.16)
where _f0 is the initial twin transformation rate,   the resolved shear stress on the twin
plane ,  c the CRSS of the twin plane  and mtw the rate-sensitivity for twinning. The
transformation rate, _f , is set equal to zero if   < 0 or if f  reaches the critical value of 0.8.
The second Piola-Kirchhoff tensor in the intermediate configuration, S, is defined by the
average of the stress tensors in the different phases:
S =
 
1 
NtwX
=1
f 
!
Sparent +
NtwX
=1
f S (4.17)
The stress on each phase is defined as follows:
Sparent = CEe (4.18)
S = CEe (4.19)
where C is the fourth-order elastic stiffness tensor of the crystal in its original orientation,
Ee the Green-Lagrange strain tensor (Eq. 4.9) and C the stiffness tensor reorientated by
the twin transformation of the variant .
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The determination of the resolved shear stress on a slip () or twin plane ( ) in the
parent region are calculated as:
 = Sparent : ssl 
msl (4.20)
  = Sparent : stw 
mtw (4.21)
while the resolved shear stress on a slip plane in the twinned region () is obtained as:


= S : s

sl 
m

sl ; (4.22)
The Cauchy stress tensor, , is calculated using the same expression than in the previous
model (Eq. 4.11). The evolution of the CRSS for the slip, twin and re-slip systems, c ,  c
and c , is based on a classical phenomenological hardening model proposed by Kothari and
Anand [133]:
_c = qsl sl
NslX
j=1
hj0

1  
j
 jsat
asl  _j+ qtw sl NtwX
k=1
hk0

1  
k
 ksat
atw  _k (4.23)
_c = qtw tw
NtwX
k=1
hk0

1  
k
 ksat
atw
_fktw (4.24)
_

= qsl sl
NtwNslX
j=1
hj

0

1  
j
 j

sat
asl  _j (4.25)
where the self-hardening behaviour is defined by the saturation stress, sat, the initial
hardening rate, h0, and the hardening exponents, atw and asl. The physical interpretation
of the two first parameters is the same than in the previous model (Fig. 4.4). On the
other hand, the cross hardening behaviour is characterized by the slip-to-slip and twin-to-
slip hardening parameters, qsl sl and qtw sl, assuming that slip does not influence twinning
[49,134].
4.2.3 CP model 3
The model described in the Section 4.2.2 was based on Kalidindi’s approach [87] where
each material point represents one grain or at least a large fraction of it. As commented
in Section 2.3, this assumption has two important implications. First, in order to account
for the fact that different twin variants can develop in a same grain, the model described
in the previous section allows the activation of several twin variants in each material point.
Second, due to the great difference between the volume represented by each material point
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in the model and the actual volume where twins are first activated, the model is only able to
reflect the effect of twinning on the average response of the grain. However, the volume of
the material points of the FE models used here is several orders of magnitude smaller than
the actual volume of the grains. Taking into account our experimental observations, in a
material point of such characteristics only one twin system should be activated. In addition,
the volume represented by the material points is similar to the volumes where the first
stages of twin development take place, and therefore, the model should be able to capture
the actual micromechanics of mechanical twinning. In order to overcome these limitations,
a novel CP model, based on the one one described in Section 4.2.2, was developed in the
framework the the present Ph.D. thesis including two main modifications in comparison with
Herrera-Solaz’s model [53]:
• In the proposed model, only one twin system is allow to be activated in each material
point.
• The model accounts for the fact that twin nucleation is a processes that requires much
more sever stress states than twin propagation [28].
As in the previous cases, the model relies on the multiplicative decomposition of the
deformation gradient, F , into the elastic, F e, and the plastic, F p parts according to Eq.
4.1. Again, each material point is divided into a parent and a twinned phase following the
same scheme than the one shown in Fig. 4.5. However, in this case, the twinned fraction,
which has a volume of f , is only formed by one twin variant. The model implements such
modification as follows. Initially, all the twin systems are allowed to be activated, although
their contribution to the overall plastic deformation is neglected. At the same time, the
volume fraction of each twin system  is saved in a auxiliary variable f aux. Once the f aux of
a twin system  reaches a critical value f nucl, that specific twin system starts to contribute
to the global plastic deformation according to the following expression:
Lptw = _f
twtwstw 
mtw (4.26)
where _f tw is the rate of volume fraction transformation of the active twin system, tw is
the characteristic shear associated with the twin mode (tw = 0:129 in case of conventional
tensile twinning [49]), and stw and mtw are the unit vector in the twin direction and per-
pendicular to the plane of the active twin. Once a twin system has been activated, the other
twin systems are excluded for the rest of the simulations. When f tw reaches a critical value
of 0.95, the twinned region are not allowed to grow anymore and undergoes a rotation Qtw
induced by the active twin system as shown in Eq. 4.15.
On the other hand, the contribution of the slip in the parent phase, whose volume fraction
is (1  f tw), to the overall plastic deformation is given by:
Lpsl =
 
1  f tw NslX
=1
_ssl 
msl (4.27)
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In contrast to the model proposed by Herrera-Solaz et al. [53], the re-slip process in the
twinned region has not been included in the model, as due to the specifications of the single
crystal indentation simulations, no important effects are expected regarding this phenomenon
and, in return, an important reduction in the computational cost is achieved.
The same laws than the ones specified in Eqs. 4.4 and 4.16 were used in order to model
the slip rate, _, and the evolution of the twinned volume fraction, _f tw. As in the previous
model, the second Piola-Kirchhoff tensor is calculated as an average of the stress tensors in
the different phases
S =
 
1  f Sparent + f S (4.28)
where Sparent and S are defined according to Eqs. 4.18 and 4.19. The resolved shear
stress on a slip () or twin plane ( ) are defined according to Eqs. 4.20 and 4.21. Regarding
the Cauchy stress tensor, , the same expression than the one specified in Eq. 4.11 is used.
In order to complete the model, the CRSS of the slip, c , and twin,  c , systems have
to be defined. Regarding the first one, the same expression than the one specified in Eq.
4.23 is used. However, in this case, no effect of twin activity is considered in the evolution
of c (qtw sl = 0 in Eq. 4.23). In general, the hardening contribution to slip due to twin
activity has been modelled as a fraction of the self-hardening undergone by the twin systems
[53]. However, this approximation does not have a proper physical interpretation in the
model proposed in this section, where each material point only represents a tiny fraction of
the whole crystal. Instead, the ideal model should incorporate the twin-to-slip hardening
interaction as a function of the proximity of each material point to the twin interfaces.
However, the implementation of such complex model is beyond the scope of this research. In
addition this simplification does not severely affect the main qualitative analysis performed
in the present Ph.D. thesis.
On the other hand, a different crystal model has been used in order to model the be-
haviour of mechanical twinning. In particular, the evolution of the CRSS for twinning,  c ,
is considered to evolve with the twinned volume fraction following a simple bi-linear law as
shown in Fig. 4.6. In the first part of the law, the initial CRSS for twinning,  nucl, decreases
linearly until a value called  pro, which has associated a twinned volume fraction of f pro. For
larger values of the twinned volume fraction, a fixed value of  pro is considered for the  c . In
this way, the model is able to capture the fact that twin nucleation is a processes that requires
much more sever stress states than twin propagation, and therefore, the micromechanics of
mechanical twinning.
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plicative decomposition of the deformation gradient (4.1), the elastic deformation gradient
at t+ t, F et+t, can be expressed as:
F et+t = F
e
0 exp( tLpt+t(F et+t)) with F e0 = (Ft+tF 1t )F et (4.30)
If the time step increments are small enough, the exponential function exp( tLp) can
be approximated by I  tLp. As a result, Eq. 4.30 can be written as:
F et+t = F
e
0 (I  tLp(F et+t)) (4.31)
As it can be observed, Eq. 4.31 cannot be solved explicitly as the term F et+t is directly or
indirectly included in both sides of the expression. To solve it, an iterative Newton-Raphson
scheme is used whose residual function, which depends on the F et+t, is expressed as:
R(F et+t) = F
e
t+t   F e0 (I  tLp(F et+t))  0 (4.32)
In each iteration, the new prediction of the elastic deformation gradient, F enew, is calcu-
lated by:
F enew = F
e
old   J 1(F eold) : R(F eold) (4.33)
where J is the corresponding Jacobian which is given by:
J =
@R(F e)
@F e
(4.34)
The calculation of the Jacobian J (Eq. 4.34) is evaluated analytically according to the
following expression:
Jijkl =

@R(F e)
@F e

ijkl
= ikjl + tF
e
0;imEmjpq
"
NslX
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_s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(4.35)
In order to perform the calculation, an initial predictor for F et+t is needed. In this case,
the following adaptive predictor is used:
F et+t = F
e
0 (I  tLp(t)) (4.36)
Once the iterative Newton-Raphson procedure shown in Eq. 4.32 has converged, the
values of F et+t and t+t are obtained, and therefore, the value of the Cauchy stress in
t+ t, t+t can be calculated using Eq. 4.11.
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The second important output that has to be obtained by the UMAT is the material
tangent matrix, defined as
K =
@
@
(4.37)
Following the approach proposed by Kalidindi et al. [71], the expression 4.37 is evaluated
numerically by carrying out six symmetric perturbations , F i;j, of the total deformation
gradient at t + t. Each perturbation, which has a fixed size of d, corresponds to an
uniaxial infinitesimal deformation on the final deformed configuration. The final perturbed
deformation gradient can be expressed as:
F per:i;j = F i;jFt+t (4.38)
For each of the six perturbed deformation gradient, F per:i;j, the corresponding perturbed
Cauchy stress tensor, per:i;j, is obtained using a very similar Newton-Raphson scheme than
the one shown in Eq. 4.32. Finally, the tangent stiffness matrix is obtained as:

@
@

ijkl
 
per:k;l
ij   ij
d
(4.39)
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"All truths are easy to understand once they are dis-
covered; the point is to discover them"
Galileo Galilei
5
Room temperature micromechanics of pure Mg
studied by nanoindentation
5.1 Introduction
In this chapter, a complete study of the main deformation modes of pure Mg at RT is
carried out combining nanoindentation, EBSD, AFM and CPFE simulation. In particular,
two main aspects are studied: (i) the effect of the crystallographic orientation of the indented
plane on the deformation patterns found around the indents and on the maximum load
reached during the indentation; and (ii), the effect of the indentation size on the activation
of the different deformation modes, specially tensile twinning. Based on analytical models
and CPFE simulations, it was confirmed that these dependences (i) were originated due to
the activation of certain slip/twin systems in different areas in the vicinity of the indentation
region. In addition, it was revealed that twinning is subjected to strong size effects.
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5.2 Experimental procedure
The initial material was the rolled and annealed sheet of pure Mg, further annealed at
500 °C, described in Section 3.1. The final grain size is in the mm range, as shown in Fig. 5.1.
Eight grains with different orientations were selected for this study. In Grains 1-7, whose
declination angles (angle between the c-axis and the indentation axis, ) are included in Fig.
5.1, several nanoindentations with maximum indentation depths varying from 200 to 7000 nm
were carried out using the Hysitron TI 950 Triboindenter® system described in Section 3.4.5.
A diamond sphero-conical indenter with a tip radius of 2 m and an apex angle of 70 (Tip
1) was utilized to carry out indentations up to an hmax of 750 nm. A second sphero-conical
indenter, with a tip radius of 10 m and an apex angle of 60 (Tip 2), was used to perform
indentations with an hmax larger than 750 nm. All the tests were conducted in displacement
control mode using a trapezoidal loading curve, with a loading and unloading time of 5 s,
and a 2 s holding time at hmax. The microstructure and the topography of areas of the free
surface in the vicinity of the indents were examined by EBSD, using the Helios NanoLabTM
DualBeamTM 600i microscope equipped with an Oxford-HKL EBSD detector described in
Section 3.3.2 (operated at a voltage of 15 kV and at an emission current of 2.7 nA), and by
AFM, using the Park XE150 AFM microscope described in Section 3.3.3. Grain 8, whose
c-axis lies almost perpendicular to the indentation axis ( = 80.1), was selected to perform
a cross-section EBSD analysis aimed at analysing twinning underneath two indentations:
one with an hmax of 450 nm, and a significant larger Vickers microindentation, with an
hmax close to 11 m. The latter was performed using a SHIMADZU HMV-2 microhardness
tester equipped with a Vickers diamond indenter applying a maximum load of 0.05 kg and
a dwell time of 15 s. While the cross section of the Vickers microindentation was prepared
by conventional manual grinding and polishing, the FIB milling technique was necessary in
the case of the 450 nm depth indent. Sample preparation for nanoindentation, EBSD and
AFM characterisation was performed using the Route B procedure described in Section 3.2.
5.3 Numerical simulations
Two different three dimensional FE models (Model 1 and Model 2) were utilized to
simulate the indentation process for each of the tips (Tip 1 and Tip 2, respectively) used in
this study. In both models, modified quadratic tetrahedral elements (C3D10M) were chosen.
The size of the geometrical model was large enough so that the stresses at the borders could
be neglected. The indenter, which was only allowed to move in the z direction, was modelled
as an analytical rigid body. Frictionless contact was assumed between the rigid indenter and
the material surface in all the simulations. For each model, the mesh size was determined
after a convergence study to ensure that the results are mesh-size independent, using a
number of elements between 5000 and 6000.
The crystal plasticity model described in Section 4.2.2 was integrated into the FE com-
mercial software ABAQUS [129]. The constitutive parameters of pure Mg were taken form
literature [49,136]. The following elastic constants were used in the simulations: C11 = 59.4
GPa, C12 = 25.6 GPa, C13 = 21.4 GPa, C33 = 61.6 GPa and C44 = 16.4 GPa. A total
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Fig. 5.1: EBSD inverse pole figure map in the normal direction (ND) of the annealed pure
Mg sheet illustration 7 out of the 8 grains investigated (the  of each grain is indicated in
brackets).
of 12 slip systems and 6 twin systems were included in the CP model, as listed in Table
6.2. The values of the CP parameters (the yield stress, 0, the saturation yield stress, s,
and the initial hardening modulus h0) used in the simulations where taken from Zhang and
Joshi [49] and are included in Table 5.1. Regarding the slip-to-slip and twin-to-slip latent
hardening parameters, qsl sl and qtw sl, the values of 1.0 and 2.0 were chosen respectively.
The self-hardening parameters, asl and atw, were fixed at 0.6 and 1.0. Finally, the strain
rate sensitivity exponents for slip and twinning, msl and mtw and the reference shear rate,
_0, were fixed at 0.1 and 1 s 1 respectively.
Slip/twin Slip/twin Number 0 s h0
plane direction of systems (MPa) (MPa) (MPa)
Slip system Basal hai f0002g h1120i 3 2 10 20
Prismatic hai f1100g h1120i 3 25 85 1500
Pyramidal hai f1011g h1120i 6 25 85 1500
Second-order f1122g h1123i 6 40 150 3000pyramidal hc+ ai
Twin systems Tensile twinning f0112g h0111i 6 3.5 20 100
Table 5.1: Material properties used in the simulations.
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5.4 Results
5.4.1 Effect of twinning on the surface topography around an indent
It has been often observed in FCC single crystals that the deformation patterns developed
around an indentation are highly dependent on the orientation of the indented plane, due to
the activation of different slip systems [54–57,137]. In HCP metals, similar observations have
been reported only in Ti, using testing conditions under which twinning was suppressed [57].
To date, there are very few studies relating the influence of twinning on the deformation
patterns found around indents in HCP materials. Indeed, only Selvarajou et al. [61] related
the deformation patterns induced during the indentation of pure Mg single crystals with the
activation and propagation of TTs in different areas around the indent. However, they only
investigated a limited number of crystallographic orientations.
In order to overcome this limitation, a careful analysis of the topographies of the free
surfaces around selected indents in three grains of the pure Mg sheet under study, with
markedly different orientations, has been carried out. In particular, the following grains
were chosen: Grain 1, with a low declination angle ( = 23.3), Grain 6, with a medium
declination angle ( = 41.7) and Grain 5, with a high declination angle ( = 75.6), as
shown in Fig. 5.1. Indentations were performed at an hmax of 4000 nm. Fig 5.2a shows
the AFM topography of the free surface close to the indent performed in Grain 1, revealing
the presence of a pile-up. This indentation was reproduced using Model 2 (Section 5.3). In
particular, two simulations were carried out: in one twinning was suppressed (Fig. 5.2b),
while in the second twinning was allowed (Fig. 5.2c). From the comparison of Figs. 5.2b
and 5.2c with Fig. 5.2a it can be inferred that twinning is essential in order to obtain a good
match between the simulations and experimental observations. Fig 5.2d shows the EBSD
inverse pole figure map of the free surface around the indentation in the direction normal
to the sample surface. TTs can clearly be observed around the indent, particularly in the
pile-up region.
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(a) (b)
(c) (d)
Fig. 5.2: Indentation performed in Grain 1 with a maximum indentation depth of 4000 nm:
(a) AFM topography; (b) topography reproduced by CPFE simulation including twinning;
(c) topography reproduced by CPFE simulation suppressing twinning; (d) EBSD inverse
pole figure map in a direction parallel to the indentation axis.
A similar analysis was carried out in Grain 6 and Grain 5. Figs. 5.3a and 5.4a depict
the free surface around the indent in both cases respectively. While a two-fold sink-in profile
aligned with the basal planes is observed in Grain 5 (Fig. 5.4a), a similar (but less intense)
sink-in pattern, combined with a pile-up aligned with the c-axis, is developed in Grain 6 (Fig.
5.3a). Again, several simulations, suppressing (Figs. 5.3b and 5.4b) and including (Figs. 5.3c
and 5.4c) twinning, were performed in order to elucidate the role of this mechanism on the
deformation of the free surface around the indent in the studied orientations. Here also only
the simulations in which twinning was free to activate (Figs. 5.3c and 5.4c) exhibits the
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topography measured experimentally. TTs are, again, clearly located in the sink-in (Figs.
5.3d and 5.4d and pile-up regions (5.3d).
(a) (b)
(c) (d)
Fig. 5.3: Indentation performed in Grain 6 with a maximum indentation depth of 4000 nm:
(a) AFM topography; (b) topography reproduced by CPFE simulation including twinning;
(c) topography reproduced by CPFE simulation suppressing twinning; (d) EBSD inverse
pole figure map in a direction parallel to the indentation axis.
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(a) (b)
(c) (d)
Fig. 5.4: Indentation performed in Grain 5 with a maximum indentation depth of 4000 nm:
(a) AFM topography; (b) topography reproduced by CPFE simulation including twinning;
(c) topography reproduced by CPFE simulation suppressing twinning; (d) EBSD inverse
pole figure map in a direction parallel to the indentation axis.
Fig. 5.5a shows the AFM topographies corresponding to the 4000 nm depth indents
performed in Grains (Gr.) 1-7 indicated in Fig. 5.1. All the AFM images are located inside
an inverse pole figure according to the crystallographic orientation of the indented plane and
are rotated following the convention defined by Zambaldi and Raabe [57]. Fig. 5.5b depicts
the deformation patterns predicted by the simulations for each indent shown in Fig. 5.5a.
These simulations were performed using Model 2 (Section 5.3) and allowing for twinning
in the model. As it can be seen, there is a reasonable qualitative agreement between the
experimental results (5.5a) and the simulations (5.5b), illustrating that CPFE models are
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able to reproduce the deformation profiles of large indents performed in pure Mg at RT.
(a)
(b)
Fig. 5.5: (a) Inverse pole figure of the AFM topographies corresponding to the 4000 nm
depth indents performed in Grains (Gr.) 1-7 indicated in Fig. 5.1; (b) deformation patterns
predicted by the simulations of every indent shown in (a).
Based on these results, it can be concluded that the pile-up/sink-in patterns around
large indents (hmax = 4000 nm) performed in pure Mg single crystals are clearly determined
by the activation and propagation of TTs. This can be rationalized taking into account
the locations of the zones prone to twinning during and indentation as a function of the
crystallographic orientation (Fig. 5.6). In particular, three different ranges of declination
angles can be established:
• Low declination angles ( < 30 ): In this case, the twin-favourable zone is located at
the sides of the indent. With this configuration, the extension along the c-axis related
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with tensile twinning introduces a particular pile-up profile (Fig. 5.6a), which is in
agreement with Fig. 5.2a. This behaviour corresponds to Grain 1, Grain 3 and Grain
4 of the present study (Fig. 5.5).
• High declination angles ( > 60 ): In this case, the zone prone to twinning is placed
underneath the indent, in such a way that an elongation along the c-axis promotes a
two-fold sink-in profile aligned with the basal planes (Fig. 5.6c). This behaviour can
be seen in Grain 5 (Fig. 5.4a) and Grain 7 (Fig. 5.5).
• Medium declination angles (30 <  < 60): On this occasion, only the compression
forces that form  45 with the indentation axis, and, at the same time, mean a
contraction along the direction perpendicular to the c-axis, are able to induce TTs.
As it can be observed in Fig. 5.6b, the zones that fulfil both conditions, i.e., the twin
favourable areas, are not symmetrically distributed under the indent, which differs from
the two other cases (Figs. 5.6a and 5.6c). In this instance, the deformation patterns
developed in this range of declination angles can be understood as a mixture between
the two extreme configurations ( < 30 and  > 60). On the one hand, the extension
nature of twinning ( < 30) causes a distinctive pile-up aligned with the ascending
direction of the c-axis (Fig. 5.6b). In addition, according to Fig. 5.3b, basal slip also
secondary contributes to the formation of this pile-up, as the stress state developed
in this region also favours the activation of this deformation mechanism as shown in
the CPFE simulations. At the same time, the contraction feature of twinning ( >
60, in the direction perpendicular to the c-axis) induces slight sink-in profiles aligned
with the basal planes (Fig. 5.6b). These specific deformation patterns can be clearly
observed in Grain 6 (Fig. 5.3a), as well as in Grain 2 (Fig. 5.5)
In summary, the above results corroborate that the activation and propagation of TTs
govern the deformation pattern around indentations at relatively high hmax in pure Mg single
crystals at RT.
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(a)
(b)
(c)
Fig. 5.6: Schematic representation of the zones prone to twinning during an indentation as a
function of the crystallographic orientation of the indented plane: (a) low declination angle;
(b) high declination angle; (c) medium declination angle. Black arrows indicate schematically
the main component of the stress tensor in different areas surrounding the indent.
66


5.4. Results
600 and 2000 nm depth indents (Figs. 5.9b (left) and 5.9c (left)), four different twins are
apparent around the 4000 nm depth indent (5.9d (left)). The Euler angles and the active
twin variant of each twin are listed in Table 5.2. The active twin variants were obtained
using the minimum deviation angle approach [138].
The simulation of the 4000 nm deep indent performed in Grain 3 was carried out using
Model 2 (Section 5.3) and the appropriate Euler angles. Fig. 5.10 depicts the twins predicted
by the simulation, in which the distinct active twin variants are shown in different colours.
There is a fair qualitative agreement between the experimental large indent (5.9d (left)) and
the simulated (Fig. 5.10) data. Twins 1, 2, 3, 4 of Fig. 5.9d (left) are clearly reproduced in
the simulation (Fig. 5.10). Please note the agreement not only in the location of the twins,
but also in the active twin variant. On the other hand, Twins Sim and Sim, predicted in
the simulations (Fig. 5.10), are not observed experimentally. The possible reasons for this
will be discussed in Section 5.5.3.
(a) (b)
(c) (d)
Fig. 5.9: EBSD inverse pole figure maps in the direction parallel to the indentation axis
(left) and AFM topography maps illustrating the free surface around several indents (right)
performed in Grain 3 ( = 14.0) at different maximum indentation depths: (a) 450 nm; (b)
600 nm; (c) 2000 nm; (d) 4000 nm.
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Fig. 5.10: Active twins predicted by simulation of the 4000 nm depth indent performed in
Grain 3.
Grain 3 Twin Euler angles ('1;; '2) Active twin variant
hmax
750 nm Twin 1 131.6; 97.2; 26.8
 
0112
 
0111

Twin 2 8.3; 84.2; 23.2
 
1102
 
1101

2000 nm Twin 1 126.5; 98.3; 22.9
 
0112
 
0111

Twin 2 13.4; 80.4; 22.6
 
1102
 
1101

4000 nm
Twin 1 129.8; 96.7; 25.2
 
0112
 
0111

Twin 2 66.7; 92.6; 15.3
 
1102
 
1101

Twin 3 12.4; 80.9; 20.9
 
1102
 
1101

Twin 4 140.5; 81.6; 20.7
 
1012
 
1011

Table 5.2: Euler angles and active twin variants corresponding to the TTs present in the
vicinity of indentations of different depths in Grain 3 (Fig. 5.9).
A similar study was carried out in Grain 4. Fig. 5.11 consists of several EBSD inverse
pole figure maps in a direction parallel to the indentation axis illustrating the free surface
around indents performed in Grain 4 at indentation depths of 750 nm (Fig. 5.11a), 2000 nm
(Fig. 5.11b) and 4000 nm (Fig. 5.11c). In this case, twin activity appears to be suppressed
at indentation depths as high as 750 nm (Fig. 5.11a). Again, the number of TTs increases
as the indentation depth increases (Figs. 5.11b and 5.11c). In particular, only two TTs can
be distinguished in the vicinity of the 2000 nm indent, while up to seven TTs are visible
around the 4000 nm indent. The Euler angles and the active twin variant of all these twins
are summarised in Table 5.3.
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(a) (b)
(c) (d)
Fig. 5.11: EBSD inverse pole figure maps in a direction parallel to the indentation axis
illustrating the free surface around the indents performed in Grain 4 ( = 6.9) at different
indentation depths: (a) 750 nm; (b) 2000 nm; (c) 4000 nm. (d) Active twins predicted by
simulation of the 4000 nm depth indent performed in Grain 4.
5.4.4 Twin evolution at high declination angles as a function of the
indentation depth
Fig. 5.12 consists of two EBSD inverse pole figure maps in a direction perpendicular to
the indentation axis illustrating the cross section of two indents performed in Grain 8 ( =
80.1): a 450 nm depth indent (Fig. 5.12a) and a Vickers microindentation (Fig. 5.12b). Due
to the high declination angle of the grain, a sink-in profile was formed around both indents,
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Grain 4 Twin Euler angles ('1;; '2) Active twin variant
hmax
2000 nm Twin 1 12.1; 95.3; 30.4
 
0112
 
0111

Twin 2 73.8; 94.5; 34.7
 
1102
 
1101

4000 nm
Twin 1 10.8; 92.2; 31.3
 
0112
 
0111

Twin 2 74.2; 90.4; 36.5
 
1102
 
1101

Twin 3 10.7; 98.9; 31.6
 
0112
 
0111

Twin 3* 9.9; 98.0; 31.8
 
0112
 
0111

Twin 4 74.2; 92.4; 37.2
 
1102
 
1101

Twin 5 128.6; 88.4; 35.9
 
1012
 
1011

Twin Exp* 9.0; 100.2; 31.0
 
0112
 
0111

Table 5.3: Euler angles and active twin variants corresponding to the twins present in the
vicinity of indentations of different depths in Grain 4 (Fig. 5.11).
in agreement with Section 5.4.1. In both cases, the cross section plane was parallel to the
sink-in direction and passed through the middle of the indentation. It can be clearly seen that
only one TTs is activated bellow the small indent (Fig. 5.12a) while up to 7 different twins
are observed underneath the large Vickers microindentation (Fig. 5.12a). The Euler angles
and the active twin variants of all the twins analysed are listed in Table 5.4. In agreement
with Section 5.4.4, more twin variants are activated as hmax increases. In addition to the
(0112)[0111] twin variant, which is activated in both Fig. 5.12a (Twin 1) and Fig. 5.12b
(Twin 1, Twin 2 and Twin 3), other active twin variants can be observed in the Vickers
microindentation (Fig. 5.12b), as shown in Table 5.4. Whereas Twin 4, Twin 5 and Twin 6
belong to the (1012)[1011] twin variant, Twin 7 corresponds to the (1102)[1101] twin mode
(Table 5.4). Moreover, the relative size of the twinned zone is clearly a function of the hmax.
While in the small indent the width of the twinned area and that of the residual imprint
are comparable, the Vickers microindentation induces TTs that are significantly larger than
the residual imprint. Furthermore, this cross section analysis provides further evidence that
the sink-in patterns observed around the indents are directly related to the nucleation and
propagation of TTs. In agreement with the results presented in previous sections, it is shown
here that the relative activity of twinning underneath the indentations in grains with very
high declination angles increases strongly with the indentation size.
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(a) (b)
Fig. 5.12: EBSD inverse pole figure maps in a direction parallel to the indentation axis
illustrating the cross section of two indentations performed in Grain 8 at different indentation
depths: (a) 450 nm; (b) Vickers microindentation.
Grain 8 Twin Euler angles ('1;; '2) Active twin variant
hmax
450 nm Twin 1 150.9; 88.6; 29.1
 
0112
 
0111

v 11 m
Twin 1 160.4; 76.1; 30.3
 
0112
 
0111

Twin 2 161.1; 80.7; 30.0
 
0112
 
0111

Twin 3 161.9; 78.7; 28.6
 
0112
 
0111

Twin 4 40.7; 90.3; 39.2
 
1012
 
1011

Twin 5 40.8; 94.1; 39.9
 
1012
 
1011

Twin 6 34.7; 93.8; 36.9
 
1012
 
1011

Twin 7 100.1; 87.7; 36.6
 
1102
 
1101

Table 5.4: Euler angles and active twin variants corresponding to the twins present in the
vicinity of indentations of different depths in Grain 8 (Fig. 5.12).
5.4.5 Effect of indentation depth on the hardness-declination angle
curve
In previous sections it has been shown that during single crystal indentation tests per-
formed in pure Mg single crystals, the twin activity dramatically depends on the indentation
size. The question that arises, however, is whether the onset of twinning activity when the
indentation depth is larger than the corresponding critical value influences the hardness of
the Mg grains as a function of their crystallographic orientation. In order to elucidate this
effect, we studied the indentation response evolution with grain orientation, measured by
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the declination angle , as defined in Section 5.4.1, both experimentally and numerically.
Experimentally, the impact of twinning activity was assessed by comparing the change of
indentation response with grain orientation for very shallow indents, 300 nm deep, with that
of very deep indents, 2000 nm deep, for which substantial twinning activity was found. Nu-
merically, the indentation response was simulated using Model 1 (Section 5.3, hmax = 300
nm), suppressing and allowing for twinning, respectively. To avoid possible issues related to
the application of the Oliver and Pharr method [139] in materials that display high pile-up
patterns during and indentation, the maximum load reached during the indentations (Pmax),
instead of the hardness, was compared in each case. To decouple indentation size effects from
pure crystallographic orientation effects, the Pmax was normalised with respect to that in the
basal orientation ( = 0°). Fig. 5.13a compares de experimental Pmax -  curves correspond-
ing to the shallow indents (300 nm deep) with the simulations where twinning activity was
inhibited. The agreement is remarkable, indicating that the indentation response variation
with grain orientation for very shallow indents is determined by the relatively activity of the
different slip systems. At larger indentation depths (2000 nm deep), however, Fig. 5.13b
shows that the normalized Pmax decreases more steeply with , reaching lower values at high
declination angles that can only be predicted when twinning is accounted for in the model.
Interestingly, twin activity, although present to accommodate the deformation imposed by
the indenter in all cases for large indents, gives rise to a noticeable effect on Pmax only for 
larger than 30°. This behaviour can be rationalized taking into account that, even though
tensile twinning is one of the softest deformation mechanisms in pure Mg, its SF with respect
to the indentation direction increases with , so that the effect of twinning on indentation
response becomes predominant for large declination angles only. On the contrary, for low
declination angles, twinning serves as a secondary mechanism to accommodate the displaced
volume around the indent, giving rise to large pile ups observed, but less influence on the
hardness of the Mg grain.
5.5 Discussion
Our results reveal that twinning is suppressed in grains with low declination angles at
indentation depths smaller than a critical value that is a function of orientation. Since for
self-similar indenters different indentation depths induce an equivalent stress state, the fact
that a minimum indentation depth is necessary to activate twinning indicates the existence
of a minimum activation volume for twinning, as suggested by others [28, 29, 33]. Several
questions arise: Is the activation of twinning detectable in the indentation curve? Can
the process of twin activation be decoupled from the propagation process? And therefore,
can these observations provide experimental evidences that support the energetic nature of
the twin activation process? In the following sections, we discuss these issues by a careful
analysis of the indentation curves and the process of twin formation.
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displacement of the material in contact with the indenter, dr equal to:
dr = 2  dz  tan() (5.2)
where  is the apex angle of the indenter. Considering the magnitude of the pop-in (dz
= 16.3 nm) and the apex angle of the indenter used (70), a total radial displacement, dr,
of 88.8 nm is obtained, in close agreement with the total displacement of material caused
by Twin 2, jDyj = 111 nm, estimated above. It can be concluded, therefore, that a large
fraction of Twin 2 is spontaneously formed at the pop-in observed at the onset of twinning.
This is in agreement with the fact that Curve 1 and Curve 2 (Fig. 5.14) are almost parallel
after the pop-in, as further twin propagation after this highly inelastic event would result
in an increase in the off-set between both curves. It appears, therefore, that the size of the
initial detectable twins is the order of micrometers, revealing a strong volume effect of the
twin propagation process.
Fig. 5.15: Schematic representation of the material displaced during the pop-in event ob-
served during a 600 nm depth indentation in Grain 3.
5.5.3 Energetic nature of the twin activation process
According to the previous analysis, in Grain 3, twinning is only activated when the
indentation depth is larger than 479 nm. Since, neglecting the effect of geometrically neces-
sary dislocations (GNDs), two indents carried out in the same grain at different indentation
depths would induce an equivalent stress state, the fact that a minimum indentation depth
is necessary to activate twinning suggests that the volume of the material affected by the
indentation plays a key role in this phenomenon. Moreover, if the nucleation process would
be driven only by the stress sate of single point, independently of the surrounding material,
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the high stress developed at very small indentations due to the effect of the GNDs would
facilitate twinning. However, here the opposite effect is observed. Twin activation is a quite
complex process ant may involve different states itself. For example, Yu et al. [30] suggested
that the formation of a macroscopic twin is the result of several nanotwins merged together.
On the other hand, Kim et al. [140] reported that, once a twin embryo is nucleated, a
slow growth phase takes place prior the massive twin propagation process. In this research,
only the formation of macroscopic twins, i.e., the "massive" twin activation phenomenon,
is studied. Although the formation of nanotwins cannot be ruled out even at very small
indentations, its effect in the accommodation of plastic strains is negligible. Therefore, the
nucleation of twin embryos, which is thought to take place in the early stages of the twin
activation process, is not analysed in this paper. For the sake of simplicity, it can be consid-
ered that win activation is a process that has to overcome an energy barrier Etw and that
can be thus expressed as:
Vtw  tw > Etw (5.3)
which indicates that, in order for twin activation to occur, a volume Vtw must be subjected
to a stress tw. At very small indentation depths and certain crystallographic orientations
(low ), is is likely that the value of Vtw  tw is not larger than Etw. A close analysis
of the twin evolution in Grains 3 and 4 as a function of the indentation depth further
confirms this hypothesis. Fig. 5.11d shows the simulated twins around the 4000 nm depth
indent performed in Grain 4. In particular, simulations predict that the largest twin areas
correspond to Twins 1 and 2 twins that should, therefore, be easiest to activate. Following
the energetic criterion of Eq. 5.3, this result could imply that these two twins should be the
ones that activate at smaller indentation depths. Indeed, Twins 1 and 2 are already visible
in Grain 4 at an indentation depth of 2000 nm (Fig. 5.11b). Simulations also suggest that
Twin Sim should be the most difficult to activate, as it has the smallest area (Fig. 5.11d).
In fact, Fig. 5.11c shows that this is particular twin is the only one that is not active at a
depth of 4000 nm depth in the same grain. As the indentation depth increases, the activation
criterion is fulfilled in more volumes and, therefore, more twins are activated. A very similar
behaviour can be observed in Grain 3. According to Fig. 5.10, Twins 1 and 2 should be the
ones that are activated at smaller indentation depths. This is confirmed experimentally by
Figs. 5.9b (left) and 5.9c (left). On the other hand, Twins Sim and Sim, predicted in the
simulations, should demand the highest indentation depth to be activated. Actually, theses
twins are the only ones not observed in the 4000 nm depth indent (5.9d (left)).
Finally, it should be mentioned that a quantitative estimation of the criterion proposed
in Eq. 5.3 was not possible. To do so, a complete characterisation of the three dimensional
shape of the twins is needed. Moreover, the possible effects of strain gradients. i.e., GNDs,
are difficult to interpret and make this analysis even more complex. Therefore, this objective
will be studied in future works making use of other more suitable micromechanical techniques,
like micropillar compression, where the applied stress is uniaxial, and therefore, free of strain
gradient effects.
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5.6 Conclusions
In this chapter, a combined approach including instrumented nanoindentation and CPFE
modelling was used in order to study the effect of the crystallographic orientation of the
indented plane and the indentation size on the activation of the different deformation modes
of Mg, specially tensile twinning. The following conclusions can be drawn form the present
study:
1. At large indentation depths, the deformation patterns induced on the free surface in the
vicinity of the indents are driven by the activation and propagation of tensile twinning.
While at low declination angles the preferential activation activation of TTs at both
sides of the indent leads to the formation of clear pile-up profiles, a characteristic sink-in
deformation is found in highly prismatic grains, where twinning is favoured underneath
the indentations. On the other hand, a mixture between these two behaviours is
observed at intermediate orientations. These observations are supported by CPFE
simulations, which are able not only to reproduce the location of the TTs, but also
their effect on the residual topography around the indents.
2. Tensile twinning is subjected to strong indentation size effects. In particular, the rel-
ative twinning activity is enhanced at large indentation depths and the ratio between
the projected twinned area and the projected imprint area (Tw/Ap) increases dramat-
ically as the indentation depth increases. Moreover, more TTs are activated as the
indentation size increases.
3. Tensile twinning is suppressed in grains with low declination angles at indentation
depths smaller than a critical value that is a function of the orientation. This can be
rationalised by considering that twin activation requires a concentration of high stresses
in a certain activation volume. In fact, this hypothesis together with the output of
CPFE simulations justifies the higher number of TTs activated as the indentation
depth increases.
4. Tensile twin activity has a strong influence on the Pmax -  curves, leading to a steep
decrease in the hardness at large declination angles, an effect that is confirmed by
CPFE simulations.
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"Nothing in life is to be feared, it is only to be un-
derstood. Now is the time to understand more, so
that we may fear less"
Marie Curie
6
Practical methodology to estimate the critical
resolved shear stresses of Mg alloys by
nanoindentation
6.1 Introduction
Based on the results obtained in the previous chapter, a practical methodology to measure
the CRSSs of Mg and its alloys is developed here.
This methodology was aimed to be used in conventional Mg alloys, which introduced
some peculiarities in the analysis. First, the grain size of wrought Mg alloys can be as small
as 10 m, which reduces the size of the indent that can be performed in an isolated grain
avoiding grain boundary effects to 300 nm. Under these conditions, as shown in the previous
chapter, tensile twinning is severely hindered, and therefore, this methodology is used only
to study the slip activity. In addition, unlike in the previous chapter, where a sphero-conical
indenter was used, here a conventional Berkovich tip was chosen for the analysis. This
decision was made based on two main reasons: (i) this tip is much more common than the
sphero-conical one among the scientific and industrial community, which will be a key factor
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in the widespread application of this technique; and (ii), it is possible to easily calibrate the
tip area function of a Berkovich probe, and therefore, the application of the Oliver and Pharr
[115] method becomes straightforward. This allows to obtain "hardness - " (H - ) curves
instead of Pmax -  curves, which will facilitate the comparison of data between different
researchers.
The proposed methodology, first validated in pure Mg, was then used to asses the effect
of alloying elements of the MN11 alloy. This alloy was chosen for the analysis because,
as commented in Section 1.1, rare-earth Mg alloys show a much more isotropic mechanical
behaviour in comparison with pure Mg or other Mg alloys, which made them promising
candidates for the development of novel Mg alloys with better performance.
6.2 Experimental procedure
The materials studied in this section are the annealed rolled sheet of pure Mg and the
extruded bar of the MN11 Mg alloy described in Section 3.1. Microstructure characterisation
was evaluated by EBSD using the Helios NanoLabTM DualBeamTM 600i microscope equipped
with an Oxford-HKL EBSD detector described in Section 3.3.2. EBSD maps were performed
at 15 kV using a step size ranging between 1 m (MN11 alloy) and 10 m (pure Mg).
The limits of the areas mapped by EBSD were marked by Vickers microindentations in
order to identify them in the nanoindentation tests. Regarding the sample preparation for
nanoindentation and EBSD examination, Route A and Route B processes (Section 3.2) were
applied to the MN11 alloy and the pure Mg respectively.
Based on the EBSD maps, individual grains with different  were indented in both materi-
als using the the Hysitron TI 950 Triboindenter® system described in Section 3.4.5 equipped
with a Berkovich tip. Grain boundary effects were avoided by placing the indents in the mid-
dle of the grains and by using an indentation depth as small as 300 nm. Indentations were
carried out in displacement control mode using a trapezoidal loading curve, with a loading
and unloading time of 5 s, and a 2 s holding time at maximum depth. Hardness values were
computed from the loading-unloading curves by applying the Oliver and Pharr method [115].
6.3 Numerical simulations
The CP model described in Section 4.2.1 (CP model 1) was integrated into the FE
commercial software ABAQUS [129] using a UMAT. A three-dimensional FE model of the
indentation process was generated. The model comprises a total of 10671 C3D10M elements,
using a refined mesh in the contact area. Individual grains were modeled as large cubes so
that the stresses at the borders could be neglected. The nodes at the bottom of the model
were fully constrained. A fully rigid conical indenter was used in the simulations. By
inspection of the area function of the Berkovich tip used in the experiments, the apex angle
of the conical tip utilized in the simulations was set to 71:2. This slightly larger than the
theoretical apex angle (70:3) of the conical tip that matches the area function of an ideal
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Berkovich tip, but ensures the one-to-one equivalence between the real indenter used in the
experiments and the conical tip used in the simulations. The indenter was only allowed
to move in the z direction. Since friction is known to play a minor role in the load vs.
displacement response during indentation [141], frictionless contact was assumed between
the rigid indenter and the material surface. The following single-crystal elastic constants for
Mg were used in all the simulations: C11 = 59.4GPa, C12 = 25.6 GPa, C13 = 21.4 GPa, C33
= 61.4 GPa and C44 = 16.4 GPa [49]. Due to the relatively low content of alloying elements,
it was assumed that the elastic constants of the MN11 alloy were similar to those of pure Mg.
Regarding the CP parameters, a total of 24 slip systems were considered, dived into four
families (basal, prismatic, pyramidal hai and First-order pyramidal hc+ ai), as summarized
in Table 6.1. No twinning was considered because, as justified in Section 6.4.3, the twin
activity in such small indentations is negligible. For the sake of simplicity, the self-hardening
and latent-hardening parameters, (q with  =  and  6=  respectively), were fixed
to 1 for all the slip systems, so only three parameters, namely the initial yield stress, 0,
the saturation yield stress, s, and the initial hardening modulus, h0, were allowed to vary.
Moreover, a value of 1s 1 for the reference shear rate, _0 was chosen in all the cases. For
each set of parameters, the hardness evolution with the declination angle is determined from
the calculated loading-unloading cruves in the same fashion as the experimental curves, i.e.,
applying the Oliver and Pharr method [115]. Finally, the CP parameters were optimized by
fitting the simulated hardness-declination angle curves to the experimental ones.
Slip mode Slip plane Slip direction Number of systems
Basal hai f0002g f1120g 3
Prismatic hai f1010g f1120g 3
Pyramidal hai f1011g f1120g 6
First-order f1022g h1123i 12Pyramidal hc+ ai
Table 6.1: Slip systems included in the CP model.
6.4 Results and discussion
6.4.1 Indentation size effects in pure Mg
As mention in the Introduction of this Ph.D. thesis, one of the main limitation in the
use of nanoindentation tests as a calibration method for CPFE models is the occurrence of
the so-called ISE. It is well known that, in single-crystal metals, hardness increases as the
indentation depth decreases [142–145]. The origin of this size effect is the increase in the
plastic strain gradient that occurs for self-similar indenters with decreasing penetration depth
[142]. This effect is particularly relevant at depths smaller than a few microns. This work is
intended to develop a universal method that can be applied to conventional polycrystalline
Mg alloys with typical grain sizes of  10 m. As we aim at neglecting grain boundary
effects, this results in the use of indentation depths < 300 nm. However, at this indentation
83




Chapter 6. Practical methodology to estimate the CRSSs of Mg alloys by nanoindentation
is worth stressing that this exceptional agreement was reached without considering tensile
twinning in the model. This is in complete agreement with our results included in Sections
5.4.2 and 5.4.4, where we showed that tensile twin activity under this testing conditions, i.e.,
small indentation depths, is negligible.
Slip system activity (%)
Basal hai Prismatic hai Pyramidal hai Pyramidal hc+ ai
Declination angle (°)
0 65 11 1 23
20 65 16 1 17
37 62 24 2 12
53 63 24 1 11
70 62 25 1 12
90 52 36 2 10
Table 6.3: Slip system activity as a function of the declination angle during an indentation.
6.4.4 Parametric study
Motivated by the success of reproducing the hardness variation with the grain orientation
in pure Mg, the CPFE model validated in the previous section was used to carry out a
parametric study to assess the effect of the relative values of the different CRSSs on the H
-  curves. Eight different sets of CP parameters were considered, as summarized in Table
6.4. To minimize the number of variable parameters, a number of assumptions were made.
First, the value of the initial hardening modulus of each slip system was set to that utilized
in the validation study [49] (Table 6.5). Second, the ratio sat/0 for each slip system was
set to the values shown in Table 6.5 [49]. Third, the CRSS ratio between pyramidal hc+ ai
and pyramidal hai slip was set to 1.6 [49] (except Case 1, Table 6.4). Fourth, the strain-rate-
sensitivity exponent, msl, was set to 0.1. The variation in hardness with grain orientation for
each set of parameters is summarized in Fig. 6.6 as a function of two parameters, namely,
the pyramidal (hc+ ai) to basal CRSS ratio,  pyra:0 = basal0 , and the prismatic to basal CRSS
ratio,  pris:0 = basal0 . For each set, all hardness values were normalized with respect to the
hardness in the basal orientation.
The following conclusions can be drawn from Fig. 6.6. First, the pyramidal to basal
CRSS ratio has a significant influence on the slope of the left branch of the H -  curve,
which becomes increasingly more negative as the  pyra:0 = basal0 increases. This effect can be
associated with the higher activation of pyramidal slip when the declination angle is small.
On the other hand, the prismatic-to-basal CRSS ratio has a remarkable effect on the slope
of the right branch of the curve, which increases with the increase of the  pris:0 = basal0 ratio.
Curves such as those shown in Fig. 6.6 can provide a qualitative assessment of the impact
of alloying elements on the CRSS ratios of basal, prismatic and pyramidal slip in novel
Mg alloys. Quantitative determination would require an optimization procedures of the
simulated hardness to determine the CRSSs that best fit the experimental results, as shown
below for the MN11 alloy.
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Parameter Slip systemsBasal hai Prismatic hai Pyramidal hai Pyramidal hc+ ai
h0 (MPa) 20 1500 1500 3000
s=0 (except set 1) 3 3.4 3.4 3.75
Table 6.5: Simplifications assumed during the parametric study.
6.4.5 Application of the method to an MN11 alloy
The H -  curves obtained experimentally for pure Mg and for the MN11 alloys are shown
in Fig. 6.4. The right branch of the curve for pure Mg displays a slightly positive slope,
while the slope is negative for the MN11 alloy. According to the previous parametric study,
this trend is indicative of a reduction in the prismatic-to-basal CRSS ratio in comparison
to pure Mg (Fig. 6.5). This effect can be achieved by either increasing the basal CRSS,
decreasing the prismatic CRSS, or a combination of both.
Fig. 6.7 reveals that increasing the basal CRSS 6.7a or decreasing the prismatic CRSS
6.7b independently leads to H -  curves that differ widely from those measured experimen-
tally. On the contrary, the experimental data are best matched by simultaneously increasing
the basal CRSS, decreasing the prismatic CRSS and increasing the pyramidal hc+ ai CRSS
with respect to the values of pure Mg, as shown in Fig. 6.7c. The parameters that provide
the best fit are summarized in Table 6.6.
The indentation results suggest that, while in pure Mg and conventional Mg alloys, such
as AZ31, there is a large difference between the basal and prismatic CRSSs, in the case of
the MN11 alloy, basal and prismatic slip display similar CRSSs. These results are consistent
with previous reports that suggest softening of prismatic slip [147–149] and hardening of
the basal slip [150] in Mg upon alloying with RE elements. These differences in the CRSS
between pure Mg and the MN11 alloy have been attributed to the presence of Nd in solid
solution and to Mg3Nd precipitates [150].
Slip system 0 (MPa) s (MPa) h0 (MPa)
Basal hai 35 105 20
Prismatic hai 20 80 1500
Pyramidal hai 60 300 1500
First-order 95 345 300Pyramidal hc+ ai
Table 6.6: Set of CRSSs values proposed for the MN11 alloy.
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6.5 Conclusions
In the present chapter, a new methodology to estimate the CRSSs of industrial Mg alloys
is presented. The main conclusions of this work can be summarised as follows:
1. A new methodology to estimate the CRSSs of the different slip systems in Mg alloys
is proposed, which combines instrumented nanoindentation and CPFE simulations,
based on the variation of hardness with the crystallographic orientation of the grains.
2. The method was validated in pure Mg. We obtain a very good match between the
simulated and experimental variation of hardness with grain orientation when adopting
a set of CP parameters measured recently by Zhang and Joshi in single crystals of pure
Mg [49].
3. The CPFE model was used to simulate the variation of the hardness with grain orien-
tation as a function of the CRSS ratios between the non-basal ans basal slip systems.
The simulations show that the pyramidal-to-basal CRSS ratio is the most important
parameter influencing the hardness of those grains oriented with the c-axis forming
between 0° and 45° with the indentation axis. On the contrary, the prismatic-to-basal
ratio influences mostly the hardness of those grains oriented with the c-axis forming
between 45° and 90° with the indentation axis.
4. The proposed methodology was successfully used to estimate the CRSSs of the active
slip systems in an extruded MN11 alloy. It was found that, with respect to pure
Mg, the basal CRSS increases dramatically and that the prismatic CRSS decreases,
to an extent that both become similar. These variations in the CRSSs are consistent
with previous experimental observations of the effect of Nd solutes and Mg3Nd plate
precipitates on slip activity, and are in agreement with the low yield stress anisotropy
showed by these rare-earth Mg alloys.
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"Science knows no country, because knowledge be-
longs to humanity, and is the torch which illuminates
the world"
Louis Pasteur
7
High temperature micromechanics of pure Mg
studied by nanoindentation
7.1 Introduction
Here, the methodology developed in the last two chapters is extended to high temper-
ature. In particular, special attention is paid to the variation with temperature between
the activation of the different deformation modes under an indentation as a function of the
crystallographic orientation of the indented planes.
7.2 Experimental procedure
The initial material was the rolled and annealed sheet of pure Mg further annealed at 500
°C described in Section 3.1 and used also in Chapter 5. A total of 8 different grains, whose
Euler angles and declination angles are listed in Table 7.1, were investigated in this study. Up
to three indentations were performed in each individual grain at 300 °C, 250 °C, 200 °C, 150
°C, 100 °C and RT. That specific sequence of decreasing temperatures was followed in order
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to avoid undesirable recrystallization process in areas near the indents. Nanoindentations
were conducted using the NanoTestTM system from Micro Materials described in Section
3.4.5 fitted with a sphero-conical indenter with a tip radius of 1 m and an apex angle
of 90°. A maximum indentation depth of 4000 nm was applied in all the cases, choosing a
loading and unloading time of 30 and 2 s, respectively, and a holding time of 3 s at maximum
depth.
The microstructure around the indents was investigated by EBSD using the Helios
NanoLabTM DualBeamTM 600i microscope equipped with an Oxford-HKL EBSD detector
described in Section 3.3.2 operated at a voltage of 15 kV and at an emission current of 2.7
nA. In addition, the topography around the indents was characterized by AFM using the
Park XE150 AFM microscope described in Section 3.3.3. Sample preparation for nanoin-
dentation, EBSD and AFM characterisation was performed using the Route B procedure
described in Section 3.2.
Grain Euler Angles (°)  (°)Phi 1 PHI Phi 2
1 114 7 41 7
2 142 15 43 15
3 32 151 56 29
4 79 42 52 42
5 22 58 50 58
6 12 72 46 72
7 54 98 20 82
8 64 92 2 88
Table 7.1: Euler angles and  of the 8 grains studied in this section.
7.3 Numerical simulations
The CP model described in Section 4.2.3 was integrated into the FE commercial software
ABAQUS by means of a UMAT [129]. The following elastic constant, which were considered
to be temperature-independent, where used for pure Mg: C11 = 59.40 GPa, C12 = 25.61
GPa, C23 = 24.44 GPa, C33 = 61.60 GPa and C44 = 16.40 GPa [49]. On the other hand,
the reference shear rate of slip, _0, the hardening exponent for slip, asl, the slip-to-slip latent
parameters, qsl sl, the minimum twinned volume fraction to "activate" a twin variant, fnucl,
the twinned volume fraction from which the CRSS for twinning is considered constant, fpro,
and the reference twinned volume transformation rate, _f0, where fixed to 0.001s 1, 2, 0.2,
0.005, 0.5 and 7.752s 1 respectively. The parameters that complete the definition of the slip
behaviour, i.e., the initial CRSS, 0, the saturation CRSS, s, the initial hardening modulus,
h0, and the rate-sensitivity exponent for slip, msl, and the twin behaviour, i.e., the stress
somehow related to the "nucleation" and "propagation" processes, nucl and pro respectively,
and the rate-sensitive exponent for twinning, mtw, were fitted for each slip and twin system
at each testing temperature.
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The indentation process was reproduced using a FE model which compromises a total
of 7622 linear hexahedral (C3D8) elements. Individual grains were modelled as a pseudo-
cylinder whose large dimensions guarantee the absence of significant stresses at the bottom
and lateral borders, which were considered to be totally constrained. A fully-rigid sphero-
conical indenter with the same apex angle than in the experiments was used. While the
experimental tip was 1 m, this geometrical parameter was set to 2.5 m in the simula-
tions. In this way, coarser meshes could be used near the contact area between the sample
and the indenter which resulted in an important reduction in the computational costs. In
addition, the maximum indentation depth, which was set to 4 m in the experiments, was
properly modified in the simulations so the size of the experimental and simulated residual
imprints were the same. A detailed analysis included in Appendix A shows that the possible
changes in the stress state induced by these simplifications do not significantly affect both
the residual deformation around the indents as as well as the maximum load reached during
the indentation, which were the main parameters used in order to compare the experimental
with the simulated results, for the range of indentation depths used in this study. A friction
coefficient of 0.2 was used in all the simulations.
7.4 Results and discussion
7.4.1 Evolution of the microstructure and deformation patterns
around the indents as a function of temperature
Fig. 7.1 shows the AFM topography maps and the EBSD inverse pole figure maps in
the direction parallel to the indentation axis corresponding to representative indents carried
out in Grains 1 ( = 7°), 4 ( = 42°) and 7 ( = 82°) at temperatures ranging from RT
to 300 °C. As it can be observed, the twinning activity as well as the deformation patterns
that develop in areas near the indent are dramatically affected by both the crystallographic
orientation of the indented plane and the testing temperature, which is in agreement with
the results obtained previously in this Ph.D. thesis (Section 5.4.1). In particular, while the
relative twinned area round the indent decreases as temperature increases for the 3 grains
analysed in Fig. 7.1, noticeable differences are found between them. For example, significant
twin activity is found up to 200 °C around the indent in Grain 1, where the development of
twins is only clearly reduced at 250 and 300 °C. However, this transition seems to take place
at lower temperatures in Grain 7, where the twin activity vanishes completely at 250 and
300 °C. The role of the crystallographic orientation on the reduction of twin activity with
temperature will be studied in more detail in the following sections.
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Fig. 7.1: AFM topography maps and EBSD inverse pole figure maps in the direction parallel
to the indentation axis corresponding to representative indents performed in Grains 1, 4 and
7 at temperatures ranging from RT to 300 °C.
The evolution of the out-of-plane displacement profiles with temperature is also highly
affected by the crystallographic orientation of the indented plane. Fig. 7.2 shows the pro-
jected areas of the pile-up (Fig. 7.2a) and sink-in (Fig. 7.2b) deformation patterns developed
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around the indents in the 8 grains studied in this paper performed at different temperatures.
Each of them has been properly positioned in the orientation space of Mg and has been
in-plane rotated following the convection defined by Zambaldi and Raabe [57]. The corre-
sponding pile-up and sink-in projected areas were obtained applying threshold heights of
+0.10 m and -0.07 m, respectively. A combined analysis of Figs. 7.2a and 7.2b reveals
that the evolution of the deformation patterns with temperature is driven by the  of the
indented plane. Grains 1 and 2, with low , are characterized by developing a concentric
pile-up at RT which is a direct consequence of the activation and propagation of TTs (Sec-
tion 5.4.1). As temperature increases, this twin-induced concentric pile-up is reduced in both
cases, although slight differences are found between them. Grain 1 seems to experience an
increase in the twin-induced pile-up activity from RT to 150 °C. This issue will be further
analysed in next sections. However, this pile-up activity is dramatically reduced from 200
°C, and almost vanishes at 300 °C. On the other hand, Grain 2 develops noticeable pile-ups
even at high temperatures. Moreover, in this case, the concentric nature of the initial pile-up
decreases as temperature increases, probably due to the activation of different deformation
mechanisms than in Grain 1. Both grains do not exhibit any kind of sink-in at any tem-
perature. A complete different behaviour is observed in grains with a high  (Grains 6, 7
and 8). In this case, a two-fold sink-in pattern aligned with the basal planes is apparent at
RT. This deformation pattern, which is induced by the development of TTs (Section 5.4.1),
gradually evolves into a two-fold pile-up pattern aligned with the basal planes as tempera-
ture increases. As pointed out in an complementary study carried out by the same authors
of this Ph.D. thesis (Section B), this two-fold pile-up is justified by the combined activation
of basal and prismatic slip. The transition temperature between these two behaviours is,
for the three grains, between 150 °C and 200 °. On the other hand, the response of Grains
3 and 4 (intermediate ) is a mixture between the two extreme instances described above.
Due to the combined activation of tensile twinning and basal slip, a characteristic pile-up
aligned with the ascending direction of the c-axis is induced at RT. At the same time, a
slight twin-induced two-fold sink-in pattern aligned with the basal planes develops (Section
5.4.1). At temperatures higher than about 200 °C, this mixed displacement profiles evolves
into a two-fold pile-up aligned with the basal planes, which is very similar to that found in
grains with high  at high.
Finally, Grain 5 is considered to have a medium-high , as its pile-up evolution is similar
to the one observed in grains with at medium , but, at the same time, the evolution of their
sink-in is quite similar to that displayed by grains with a high .
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tension and compression twin modes were considered:

0112
	 
0111

(tension),

0111
	
0112

(compression 1) and

0113
	 
0332

(compression 2). Additionally, two possible
double twinning modes were taken into account: compression 1 followed by tensile twinning
(double twinning 1) and compression 2 followed by tensile twinning (double twinning 2).
For the shake of simplicity, hereafter the term compression twins (CTs) will denote all the
modes that implied compression along the c-axis in any sate of the deformation (compression
1, compression 2, double twinning 1 and double twinning 2). Fig. 7.3 shows the number
of tension and compression twins detected around representative indents performed in the
8 grains analysed in this study at different temperatures. For Grains 1 and 2, where 3
indents were performed and characterised per temperature, the average values are reported.
As shown in Fig. 7.3, only the conventional tensile twin mode is activated at RT in all
the analysed indents. However, CTs are detected at temperatures from 100 °C up to 300
°C in indents carried out in grains whose declination angle is smaller than 43°. At higher
declination angles, only TTs are activated under any condition.
While it is clear from Fig. 7.1 that the global twinning activity decreases with tem-
perature, it has been demonstrated that compression twinning develops exclusively when
temperatures increases (Fig. 7.3), suggesting therefore an opposite trend. This is consistent
with the more complex atomic shuﬄes involved in compression twinning, which therefore
requires a higher degree of thermal activation [17, 151]. In order to shed further light into
this issue, a quantitative analysis of the tensile twin activity is performed. Fig 7.4 shows the
variation with temperature of the ratio between the projected twinned surface (Tw) and the
projected imprint area (Ap) for the 8 grains analysed in this paper, including only TTs in the
analysis. With the exception of Grains 1 and 2, the relative tensile twin activity decreases
gradually with temperature for all the grains analysed. It seems therefore that, although
CTs are activated at some range of temperatures, the global twin activity measured by 2D
EBSD around the indent is dominated by tensile twinning, suggesting that TTs are larger
than CTs. This observation, which is fully consistent with earlier studies on twinning in
polycrystalline Mg alloys [151], will be further analysed in the next section.
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7.4.3 Effect of temperature and twin mode on the size, distribution
and shape of the twins
It has been generally established that conventional TTs display a plate-like morphology
[12]. However, Fernández et al. [152] reported that the morphology of a TTs is related to
its SF. More specifically, they showed that, while primary TTs variants, characterised by a
high SF, are indeed endowed with the well-established plate-like morphology, secondary and
tertiary TTs variants, with a low SF and originated due to the presence of heterogeneous
local stress fields, have in general irregular geometries. In order to study the possible effects
of temperature on the shape of conventional TTs, representative indents performed in Grain
1 at RT and 250 °C have been analysed (Fig. 7.5). As shown in Fig. 7.5a, TTs formed
at RT (marked with black arrows) displayed the typical plate-like morphology. However,
as illustrated in Fig. 7.5b, the TTs developed at 250 °C (marked with black arrows) have
a much more rounded shape. Moreover, temperature seems to play also an important role
in the number, location and distribution of TTs. Fig. 7.5a shows several pairs of pseudo-
parallel twins radially distributed around the indents performed at RT. This behaviour can
be understood as follows. As the indentation depth increases, a larger fraction of the material
around the indent should twin in order to accommodate the plastic deformation in the radial
direction. While this could in principle be achieved by single twins growing steadily as the
indentation depth increases, Fig. 7.5a shows that, instead, once a twin has attained a certain
size, a new twin nucleates in order to further increase the twin volume fraction, without
increasing the size of the initial twin. This behaviour reflects the lower energy required to
form new twin boundaries than to overcome the backstresses associated to the initial twin
[12]. At 250 °C (Fig. 7.5b), instead initial twins grow as the indentation depth increases,
rendering the activation of new twins unnecessary. The reported differences in the twinning
behaviour around the indent at RT and 250 °C reflect a temperature-induced alteration of
the distribution of backstresses as well as of the matrix/twin interface energy.
The twinning mode also seems to play an important role on the size and location of the
developed twin. While TTs propagate easily, achieving large sizes, and extend to areas that
are far away from the indenter contact area, CTs are much smaller and are only located in
areas very close to the indentation. Fig. 7.6 shows the EBSD inverse pole figure maps of
representative indents perform in Grain 3 at RT and 200 °C, where the TTs and CTs are
marked with black and white arrows, respectively. It can be clearly observed that CTs are
much smaller than TTs. In addition, they are located in areas very close to the indenter
contact area, i.e., they develop in volumes subjected to sever stress states. This is consistent
with the fact that the core width of TT dislocations is much wider than that corresponding
to CT dislocations, which implies a much more mobility of the former ones as the atomic
shuﬄes involved in the propagation of a "wide" twin dislocation are much smaller than the
ones corresponding to a "narrow" twin dislocation [37].
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Testing temperature
RT 100 °C 150 °C 200 °C 250 °C 300 °C
Grain 1 Oscillation NO YES YES YES YES NO
 = 7° CTs NO YES YES YES YES NO
Grain 2 Oscillation NO YES YES YES YES NO
 = 15° CTs NO YES YES YES YES YES
Grain 3 Oscillation NO YES YES YES NO NO
 = 29° CTs NO NO YES YES YES NO
Grain 4 Oscillation NO YES YES YES NO NO
 = 42° CTs NO NO YES NO NO NO
Grain 5 Oscillation NO NO NO NO NO NO
 = 58° CTs NO NO NO NO NO NO
Grain 6 Oscillation NO NO NO NO NO NO
 = 72° CTs NO NO NO NO NO NO
Grain 7 Oscillation NO NO NO NO NO NO
 = 82° CTs NO NO NO NO NO NO
Grain 8 Oscillation NO NO NO NO NO NO
 = 88° CTs NO NO NO NO NO NO
Table 7.2: Presence of oscillations in the load-displacement curve and activation of CTs in
the different grains under investigation at temperatures ranging from RT to 300 °C.
after the compression twinning event will be quite severe and, due to the high SF of basal
slip or tensile twinning, they will be abruptly activated inducing an important relaxation in
the crystal that may be reflected in the oscillation events in the load-displacement curves
observed in this research (Fig. 7.7 and Table 7.2). Very similar conclusions were obtained
by Chapuis et al. [27] in their macroscopic single crystal experiments, where for some
specific orientations, the activation of compression twinning followed by basal slip induced
an important stress decrease in the stress-strain curves.
7.4.5 Simulations Results
Limitation of previous CP models
In this section, the limitation of previous CP models to capture the evolution of tensile
twin activity with temperature is studied, placing special emphasis on the crystal law which
governs such deformation mode. With that purpose, a simulation study in Grains 1 ( =
7°), 3 ( = 29°), 5 ( = 58°) and 7 ( = 82°), which were considered to cover the whole
range of , was carried out using the model described in Section 4.2.2. This model will be
called "Prev. CPM" hereafter. Two simulations were carried out for each grain, with the
aim of modelling the mechanical behaviour or pure Mg at RT and 300 °C respectively. In
all the simulations, msl and mtw were fixed at 0.1. Table 7.3 depicts the 0, s and h0 of the
different slip and twin systems corresponding to both temperatures. These parameters were
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Fig. 7.8: Schematic illustrating the crystallographic reorientation induced by compression
twinning along the f0113g plane in an HCP crystal.
taken from the results obtained in the present Ph.D. theses in Chapter 5 (RT) and from
an additional studied carried out by the same author of this Ph.D. thesis which is included
in Appendix B (which would correspond to 300 °C). The CP parameters were configured
in such a way that 0, s and h0 corresponding to basal slip and tensile twinning were the
same at RT and 300 °C. It has to be mentioned that only basal, prismatic, second-order
pyramidal hc+ ai and tensile twinning were considered in the model. Compression twinning
was not included in these calculations as, under these testing conditions (RT and 300 °C),
the activation of this deformation mode was negligible (Section 7.4.4)
RT 300 °C
Slip/Twin system 0 s h0 0 s h0
Basal hai 2.5 7.5 50 2.5 7.5 50
Prismatic hai 25 85 1500 5 15 50
Pyramidal hc+ ai 40 150 3000 30 60 50
Tensile twinning 3.5 20 100 3.5 20 10
Table 7.3: Sets of CP parameters (MPa) corresponding to the preliminary simulation stud-
ied.
Fig. 7.9 shows the experimental and simulated residual deformation around the indents
performed in Grains 1, 3, 5 and 7 at RT and 300 °C using the Prev. CPM. It can be
noticed that earlier CP models, together with the specified set of CRSSs, are able to fairly
reproduce the experimental results at RT. In particular, the locations of the experimental
pile-up/sink-in patterns in all the analysed orientations are qualitatively well captured in the
simulations. This findings are in complete agreement with the results obtained in this Ph.D.
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thesis in Chapter 5. However, at 300 °C, the dramatic change in the deformation patterns
observed in the experiments is not captured in the corresponding simulations. Indeed, the
simulated out-of-plane displacements at RT and 300 °C are quite similar. An analysis of the
twin activity of these simulations revealed that this deformation mode is still quite active at
300 °C, which clearly contradicts the experimental results.
 RT 300 ºC 
 Experimental Prev. CPM Prop. CPM Experimental Prev. CPM  Prop. CPM  
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Fig. 7.9: Experimental and simulated residual deformation around the indents performed
in Grains 1, 3 , 5 and 7 at RT and 300 °C. The simulations were carried out using the CP
parameters specified in Table 7.3 together with the Prev. CPM and in Table 7.4 together
with the Prop. CPM.
In the following sections, it will be shown how the enhanced model proposed in Section
4.2.3 (Prop. CPM), which includes the physically-based observation of a higher stress needed
for twin nucleation than for twin propagation, is able to reproduce the micromechanics of
pure Mg at a wide range of temperatures considering the actual temperature dependency of
the different deformation modes.
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Calibration of the CP model proposed in this research
In this section, the Prop. CPM described in Section 4.2.3 is used to reproduce the
experimental behaviour of pure Mg showed previously under different testing conditions.
In particular, a trial-and-error approach was performed in two steps. First, only the sets
of CRSSs corresponding to RT and 300 °C were obtained. Then, based on these results,
the CRSSs corresponding to the remaining testing conditions were calculated. Only basal,
prismatic, second-order pyramidal hc+ ai and tensile twinning were included in the model.
Compression or double twinning were not considered. This issue did not have any important
effect on the first step of the fitting procedure as these secondary twin modes were not
activated at RT and 300 °C for the grains under study. Its effect on the second step of the
fitting procedure will be discussed later. The main challenge involved in the first step of the
fitting procedure was to obtained two sets of CRSSs corresponding to RT and 300 °C that
were able to reproduce the global mechanical behaviour of pure Mg at these temperatures
taking into account the real temperature dependency of the different deformation modes of
pure Mg. To do so, the CP parameters of basal slip and tensile twinning were fixed for both
sets, and only the ones corresponding to prismatic and second-order pyramidal hc+ ai slip
were allowed to vary. As in the previous section, this study was performed in Grains 1, 3, 5
and 7. In addition to the residual deformation around the indents, the Pmax -  curves were
considered for this fitting procedure. After a significant number of trial and errors attempts,
two final sets of CRSSs corresponding to RT and 300 °C were obtained (Table 7.4). The
simulated topographies corresponding to these two sets of CP parameters are depicted in
Fig. 7.9. It can bee clearly seen that the simulated residual topographies yielded by the
enhanced CP model, together with the fitted set of CP parameters obtained for RT and 300
°C, reproduce fairly well the mechanical behaviour of pure Mg single crystals not only at
RT, where basal slip and tensile twinning dominate, but also at 300 °C, where tensile twin
activity has almost disappeared. This newly found correspondence between the experimental
observations and simulations reveals that the consideration of the higher magnitude of twin
nucleation stress with respect to twin propagation is essential. At low temperatures, the
high CRSSs of the non-basal slip systems may induced a stress state that can promote tensile
twinning. However, at high temperatures, these non-basal slip systems are soft enough so the
induced stress state is not sufficiently severe to activate tensile twinning. To further check
the validity of the obtained sets of CRSSs, the experimental and simulated Pmax -  curves
were compared. Fig. 7.10 reveals that there is also a good match between the experiments
and simulations, and therefore, it can be concluded that the sets of CP parameters obtained
for RT and 300 °C reproduce faithfully the mechanical behaviour of pure Mg single crystals
at those temperatures.
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°C, 250 °C. Fig 7.11 depicts the experimental and simulated topographies under such testing
conditions, showing a fairly good agreement in the qualitative evolution with temperature
of the deformation profiles around the indents.
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Fig. 7.11: Experimental and simulated residual deformation around the indents performed
in Grains 1, 3, 5 and 7 at 100 °C, 150 °C, 200 °C and 250 °C. The simulations were preformed
using the CP parameters listed in Table 4.
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where Iter refers to each iteration number of the simulations, IP corresponds to each
integration point number of the model,
 
IPIter

Slp
is the increment of the plastic shear, ,
of one particular IP in each Iter of the slip system Slp, TTV F IPIter represents the total twin
volume fraction of each IP in a specific Iter and V olIPIter stands for the volume of the IP
in each Iter. On the other hand, the total activity of tensile twinning, tActTT , is obtained
using the following expression:
tActTT =
FinalIterX
Iter=0
TotalIOX
IP=0
 
TV F IPIter  TT  V olIPIter

(7.3)
where TV F IPIter stands for the increment of the twin volume faction of each IP in a
specific Iter and TT is the characteristic shear of tensile twinning, 0.129. Finally, tAct
can be calculated as the sum of the total activities of the slip systems, tActSlp, and tensile
twinning, tActTT .
Fig. 7.13 shows the variation with temperature of the relative activity of the different
slip and twinning systems for the 4 grains under study. First, it has to be mentioned that
the low tensile twin activity observed at low temperatures can be justified as follows. On the
one hand, in contrast with slip, tensile twinning has associated a fixed, and therefore, limited
shear of 0.129 [17]. On the other hand, while the CP model developed in this research is able
to reproduce the location of the twins at different temperatures, the size of such simulated
twins is smaller than the one measured experimentally. This can be explained taking into
account that the proposed CP model cannot capture the non-locality characteristic of tensile
twinning. However, this issue does not alter significantly the global interpretation of our
results. For the 4 grains analysed, basal slip is the most active deformation mode in the whole
range of temperatures (RT - 300 °C). However, its activity decreases as temperature increases,
effect that is more pronounced at medium and high declination angles. On the other hand,
while prismatic activity is minor at RT, it dramatically increases with temperature. Such
variation is more accused accused as the declination angle increases. Regarding the Second-
order pyramidal hc+ ai slip system, it is more active for any temperature in that grains with
a smaller declination angle. In addition, all the grains show that the relative activity of this
deformation mode is more or less constant from RT until 200 °C. At higher temperatures, its
activity slightly decreases. Finally, tensile twin activity clearly decreases with temperature,
becoming almost negligible at 300 °C.
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7.5 Conclusions
In the present chapter, the deformation mechanisms of pure Mg have been extensively
studied combining experimental nanoindentation, EBSD, AFM and CPFE modelling at a
wide range of temperatures. The following conclusions can be drawn:
• The analysis of the residual deformation and the microstructure around the indents
confirms that the main deformation modes at RT are basal slip and tensile twinning.
With increasing temperature, tensile twinning is progressively replaced by prismatic
slip.
• Temperature has a strong influence on the shape, size, and distribution of TTs. In par-
ticular, whilst TTs develop the well-known lenticular shape at RT, they acquire a much
more rounded shape at higher temperatures. Additionally, at RT, the strain is prefer-
entially accommodated by the nucleation of successive TTs, which grow up to a certain
critical volume; however, at higher temperatures, the deformation is accommodated
by the long-range propagation of individual twins.
• CTs are observed at temperatures ranging from 100 °C to 300 °C in grains with low
and medium declination angles, and their growth is more limited than that of TTs.
These observations are attributed to the complex shuﬄing events associated to this
twinning mode
• A novel CP model that takes into account the specific features of the micromechanics
of tensile twinning, i.e, the higher magnitude of nucleation stresses with respect to
propagation stresses, has been successfully calibrated and implemented. This model
is able to reproduce the mechanical behaviour of pure Mg single crystals at a wide
range of temperatures considering the isolated temperature dependency of the different
deformation modes.
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"What we observe as material bodies and forces are
nothing but shapes and variations in the structure of
space"
Erwin Schrödinger
8
Conclusions and future work
8.1 Main conclusions
The following main conclusions can be drawn from this research:
• The competition between the main deformation mechanisms of pure Mg single crystals
has been successfully analysed using nanoindentation from an experimental, analytical,
and numerical point of view. In particular, it has been found experimentally that, the
microtexture and deformation patterns developed near the indents, together with the
hardness (or Pmax reached during the indentation), highly depend on a combined ac-
tion of the crystallographic orientation of the indented plane and testing temperature.
The analytical and numerical models developed in this Ph.D. thesis show that, while
the main active deformation modes at RT are basal slip and tensile twinning, as tem-
perature increases, tensile twin activity decreases dramatically and, in turn, prismatic
activity increases notably.
• A novel CP model which is able to successfully reproduce the competition between the
different deformation modes of pure Mg at different temperatures has been developed.
In contrast with previous CP models, the enhanced model proposed in this research
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takes into account that twin activation is a process that demands a much more severe
stress state than twin propagation. It is demonstrated that this aspect is essential in
order to simulate the evolution of twin activity with temperature.
• The effect of twin mode and temperature on the shape of the developed twins has
been deeply analysed. First, it is shown that, while the TTs developed at RT depict
the well-known lenticular configuration, they acquire a much more rounded shape at
higher temperatures. In addition, while TTs can readily grow and reach areas further
away from the contact area between the indenter and the sample, CTs developed at
intermediate temperatures are very small and are located only in the areas near the
indenter. In addition, it was shown that the activation of CTs during an indentation
process induces a relaxation of the system which gives rise to an important oscillation
in the load-displacement curve.
• The effect of the indentation size on tensile twinning has been also deeply studied.
It particular, it was found that the activation of this deformation mode decreases
dramatically as the indentation depth decreases. For grains with a very low , tensile
twin activity is completely suppressed below a critical indentation depth. These results
confirm that twin activation is a process that requires the concentration of high stress
in a certain volume.
• Finally, it is shown that nanoindentation, together with AFM, EBSD and CPFE sim-
ulation, can be used to estimate the CRSSs of novel Mg alloys in a quick and effective
way at a wide range of temperatures. From a industrial point of view, a simplified
approach to characterise the CRSSs of the basal and non-basal slip systems is pro-
posed. The proposed approach, which has been designed to be as much practical as
possible, is based on the variation of the hardness with the . This methodology was
validated in pure Mg using a set of CRSSs taken from the literature. With the help
of CPFE simulation, a set of practical graphs were developed that allows to easily
identify the main active deformation modes based on the qualitative shape of the H -
 curves. This methodology was used to determine the effect of the alloying elements
of the rare-earth Mg alloy MN11 on the different slip systems. It was found that, in
comparison with pure Mg, the ratio between the CRSSs of the basal and non-basal
slip systems is reduced dramatically, which explains why this kind of Mg alloys show
a very low yield stress anisotropy.
8.2 Future work
The present Ph.D. thesis has constituted a significant step forward in studying the mi-
cromechanics of Mg alloys by instrumented nanoindentation, AFM, EBSD and CPFE sim-
ulation. The widespread application of the techniques developed in the framework of this
investigation in the development of novel Mg alloys with enhanced mechanical properties
seems a natural line of work. On the other hand, there are still several questions unresolved
that need to be addressed. In particular, the following topics are proposed as future work:
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• Development of a novel non-local CP model to improve the prediction of the size and
shape of the simulated TTs. The conventional CP models used in the first part of this
Ph.D. were able to qualitatively reproduce the location of the TTs and their corre-
sponding effect on the residual deformation around the indent. However, they failed
to reproduce the evolution of twin activity with temperature. This issue was solved in
Chapter 7, where an enhanced CP model that takes into account the micromechanics of
tensile twinning was developed. However, this CP model still has some limitations. In
particular, the proposed model is not able to reproduce the actual size of the the TTs,
aspect that is clearly reflected in the different length of the experimental and simulated
sink-ins. In order to address this problem, the development of a novel non-local CP
model is necessary. This new model should assign a different twinning constitutive law
to each IP depending on its state and on the one corresponding to the surroundings
material points. If a specific material point, and the ones located in its vicinity, have
not undergone twinning, a constitutive law that takes into account the severe stress
state necessary to nucleate twinning should be applied. However, in the case that (i)
a specific material point has already undergone twinning, or (ii) that material point
has not twinned but at least one located in its surroundings has and they are prop-
erly aligned according to the active variant of the latter, a different constitutive law
for twinning, which should be aimed at modelling twin propagation which demands a
much less severe stress state than twin nucleation, should be applied. In this way, the
size and shape of the simulated TTs would reflect in a much more accurate way the
experimental behaviour. The development of such advanced model may include other
modelling techniques like phase field.
• Application of inverse optimisation algorithms to the methodology developed in this
Ph.D. thesis. One of the main objectives of the present research has been to determine
the CP parameters of pure Mg and several Mg alloys under different testing conditions.
The proposed methodology is based on the comparison of the experimental and simu-
lated H -  and Pmax -  curves as well as the experimental and simulated topographies
using a trial-and-error approach. This procedure could be improved by integrating
an inverse optimization algorithm instead of the manual fitting procedure used so far.
In addition, instead of the H -  and Pmax -  curves, which only reflects the maxi-
mum load reached during the indentation, the whole load-displacement curves of the
the simulated and experimental indents could be used as a fitting parameter, obtaining
quantitative information about the elastic, viscoplastic and work hardening behaviours
of the tested material. Regarding these objectives, first steps have already been taking
in order to adapt the inverse optimization algorithm developed by Herrera-Solaz et al.
[53] to the specific problem proposed in this research.
• Study of new Mg alloys of industrial interest using the techniques developed in this re-
search. The micromechanic studies carried out in this Ph.D. have been focused on pure
Mg. Only in Chapter 6 they were applied to a rare-earth Mg alloy, MN11, where the
effect of the alloying additions on the CRSSs of the different slip systems was quantified
at RT. As future work, it seems appropriate to apply the developed methodologies in
this research, further enhanced by the improvements proposed in the last two points, to
novel Mg alloys of special interest for the industry. In this sense, rare-earth Mg alloys
constitutes ideal candidates as the intermetallic compounds formed in these alloys de-
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crease significantly the difference between the CRSSs of the soft and hard slip systems,
which is traduced in a much more isotropic and ductile mechanical behaviour of the
material. Regarding this issue, close collaborators have already manufactured several
Mg binaries alloys with Y and Gd additions respectively. In particular, the following
binary systems have been produced: Mg-1%Y, Mg-3%Y, Mg-5%Y, Mg-1%Gd, Mg-
3%Gd and Mg-5%Gd, some of which have already been tested. Once the experimental
characterisation is finished, the effect of the alloying additions of each different sys-
tem will be determined applying the described methodology. This study, which could
be extended to high temperatures, will be performed by members of the department
involved in the development of this research.
• Study the effect of GBs on twin transmission by nanoindentation and CPFE simula-
tion. All the studies carried out in this Ph.D. thesis and the previous tasks proposed as
future work are targeted at studying the single crystal behaviour of Mg alloys, without
considering the effect of GBs. However, it is well known that GBs have a tremendous
effect on the global mechanical behaviour of polycrystalline Mg alloys [12, 29, 32, 153–
159]. One vital aspect is the transmission of TTs across GBs, which is known to depend
on the misorientation angle of the adjacent grains [152]. In particular, the smaller the
misorientation angle, the easier the transmission of a TT across the GBs becomes. How-
ever, the majority of the studies performed on this issue are carried out in post-mortem
polycrystalline samples, aspect that imposes important limitations. For example, it is
not possible to know the "direction" of the twin-transfer event, i.e., one does not know
if the TT was originated in Grain A and then transmitted to Grain B or the other
way around. In addition, it is well known that GBs can act as nucleation sites for
TTs [160,161]. In same cases, two TTs are generated in the two adjacent grains. This
process, which leads to the formation of the so-called adjoining twin pairs [158, 160],
cannot be differentiate from a twin-transfer event from a post-mortem observation of
a polycrystalline sample although the nature of both processes is completely different.
Another disadvantage of the commented approached is that one cannot choose which
GB will be subjected to a twin-transfer event, as the whole process is dominated by
the complex field of local stresses develop across all the sample and therefore, cannot
be controlled. Finally, although the misorientation angle is the main parameter that
has been considered to dominate the twin transfer across GBs, a GB is defined by a
total of 5 parameters [162, 163], and therefore, the effect of some of them have not
been studied. These limitations prevent (i) the complete experimental characterisa-
tion of the twin-transfer event across GBs and (ii), the calibration of advanced CP
models that take into account the effect of GBs on twin transmission. In order to
overcome these limitations, and as a part of future work, a new approach is proposed
to study this phenomenon based on experimental nanoindentation, AFM, EBSD and
CPFE simulation. In particular, the proposed method would rely on performing large
indentations (in order to avoid possible ISE) in prismatic grains where the activation of
TTs is profuse and easily detectable due to the formation of a characteristic two-fold
sink-in aligned with the basal planes (Chapter 5). If these indentations are placed
close to a GB, the twin-transmission phenomenon could be studied by analysing the
propagation of the sink-ins, and the associated twins, from the indented grain to the
adjacent one. This methodology present important advantages in comparison with the
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"Science, my lad, is made up of mistakes, but they
are mistakes which it is useful to make, because they
lead little by little to the truth"
Jules Verne
A
Effect of the of tip radius on the finite element
simulation of an indentation
In this appendix, the effect of changing the tip radius of an sphero-conical indenter on the
response of a simulated indentation process will be studied. This study is applied in Chapter
7, where the same geometrical modification was applied in the simulations procedures. In
particular, an initial sphero-conical indenter with a tip radius of 1 m and an apex angle of
90° is considered. Such initial indenter is modified so the tip radius is finally set to 2.5 m.
The main reason behind this simplification is that, in order to reproduce the simulations
using the first configuration, very fine meshes were required in the FE model due to the very
high deformation of the elements near the tip. This aspect means an important increase in
the computational costs, and therefore, is especially important taking into account the large
amount of simulations that were necessary in the trial-and-error fitting procedures carried
out in Chapter 7. In addition, in order to obtain a residual imprint of the same size using the
new tip radius than the one corresponding to the initial geometrical configuration, the final
indentation depth has to be modified (Fig. A.1). If the initial tip radius (R1) has associated
an indentation depth of h1, the modified indenter with a tip radius of R2 (R2 > R1) has
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CRSSs corresponding to 300 °C. In this particular case, the deformations induced in the Full
Model (and applying an indentation depth of 4 m) were so high that any of the tested
meshes were able to give a proper convergence in the simulation. However, this particular
instance is even more restrictive than the previous one as it is expected that the specified
geometrical modification has a more severe effect as the final indentation depth decreases.
Slip/Twin system
Basalhai Prismatichai Pyramidalhc+ ai TT
0 sat h0 0 sat h0 0 sat h0 nucl pro
RT 2.5 15 50 40 120 3000 50 150 3000 60 10
300 °C 2.5 15 50 5 30 50 30 90 500 60 10
Table A.1: Set of CP parameters (MPa) corresponding to RT and 300 °C for pure Mg.
Fig. A.2 shows the residual deformation around the simulated indents performed in
Grains 1 and 7, using the Full model and Red. Model, setting the CP parameters corre-
sponding to RT. As it can be observed, negligible differences are found between the results
issued by both models.
Very similar conclusions can be obtained using the CP parameters corresponding to 300
°C (Fig. A.3). In this case, only tiny differences are found in the residual topographies of
Grain 1. However, they are still almost negligible and, as commented before, this case is
more restrictive than the general one.
On the other hand, it is clear that the geometrical simplification previously described
will affect the load-displacement curve, specially taking into account that the final inden-
tation depth of both models is different. Fig. A.4 shows the loading segment of the load-
displacement curves of the simulated indentations, each of them carried out using the Full
Model and Red. Model, performed in the two grains analysed and setting the CP parameters
to RT and 300 °C. As it can be observed, although the curves issued by both models are
different, the maximum load registered is almost the same for both models for any testing
condition.
It can be therefore concluded that the geometrical simplification introduced into the FE
model has negligible effects on both the residual deformation around the indents as well as
on the maximum load reached during the indentation, which were the main two parameters
used in the fitting procedures, under any testing condition for the range of indentation depths
used in this research.
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Fig. A.2: Residual deformation around the simulated indents preformed in Grains 1 and 7,
using the Full Model and Red. Model, setting the CP parameter corresponding to RT.
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Fig. A.3: Residual deformation around the simulated indents preformed in Grains 1 and 7,
using the Full Model and Red. Model, setting the CP parameter corresponding to 300 °C.
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 RT 300 ºC 
 
 
 
 
δ = 7º 
 
  
 
 
 
 
δ = 82º 
 
 
  
 
Fig. A.4: Loading segment of the load-displacement curves of the simulated indentations,
each of them carried out using the Full Model and Red. Model, performed in the two grains
analysed and setting the CP parameters corresponding to RT and 300 °C.
126
"The saddest aspect of life right now is that science
gathers knowledge faster than society gathers wis-
dom"
Isaac Asimov
B
Slip activity in pure Mg at high temperature
studied by nanoindentation
In this appendix, a study of the slip system activity of pure Mg at high temperature is
performed combining nanoindentation, AFM, EBSD and CPFE simulation. This study is
based on the experimental data shown in the present Ph.D. thesis in Chapter 7. In particular,
the data from Grains 1 ( = 7°), 4 ( = 42°) and 7 ( = 82°) corresponding to 300 °C is used.
The main objective of this study was to analyse the activity of the different slip systems
under such conditions.
In order to perform this analysis, a CPFE simulation study was carried out based on a
well-established CP model [57, 58]. This CP model is almost identical to the one described
in Section 4.2.1, which differs only in the hardening laws. In particular, the evolution of the
glide resistance, c , of the CP model used in the current Appendix is govern by the following
equation:
_c =
NslX
=1
qh0

1  

sat
asl  _ (B.1)
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where q is the interaction coefficient between the slip systems  and , asl the hardening
exponent, h0 the initial hardening modulus,  the shear stress, 

sat the saturation CRSS
and _ the shear rate (the last 4 parameters correspond to the slip system ). In the present
study, only the basal hai, prismatic hai and second-order pyramidal hc+ ai slip systems
were considered (Table B.1). Tensile twinning was not included in the model formulation
since negligible twinning activity was observed in the experiments at 300 °C. The elastic
parameters, which where considered to be independent of temperature, were taken from
Zhang and Joshi [49]. In particular, the following values were used: C11 = 59.40 GPa, C12
= 25.61 GPa, C13 = 24.44 GPa, C33 = 61.60 GPa and C44 = 16.40 GPa. For the sake
of simplicity, the parameters h0 , asl and q, together with the reference shear strain rate,
_0 and rate-sensitive exponent msl (Eq. 4.4), were considered equal for all the simulations
(Table B.1). While a full calibration of the model would have demanded a complete study of
these parameters, this work is focused mainly on the quantification of the relative strength
of the different slip modes at 300 °C.
Slip system Slip Slip Number of _0 m asl
q q h0
plane plane systems (s 1)  =   =  (MPa)
Basal hai f0002g h1120i 3
0.001 10 2 1 0.2 50Pris. hai f1100g h1120i 3Second-order f1122g h1123i 6Pyra. hc+ ai
Table B.1: Common material properties used in all the simulations procedures.
A three-dimensional FE indentation model was generated to reproduce the indentation
process [164]. A total of 9160 hexahedral eight-node elements were used to discretize the
sample. The indenter was modelled as a rigid conical body, keeping the same apex angle as
in the experiments. The simulated tip radius was set to 2.5 m although this parameter was
1 m in the experiments in order to avoid excessive deformation of the elements in contact
with the indenter tip. As specified in the Appendix A, this modification does not affect
both the residual deformation around the indent and the maximum load reached during the
indentations (which were the two main parameters used to compare the experimental and
the simulation results). In addition, the final indentation depth was chosen in such a way
that the experimental and simulated final imprint have the same size. Finally, the friction
coefficient was set to 0.2 in all the simulations.
A manual fitting procedure was performed in order to obtain the non-fixed plastic param-
eters of the model: the initial CRSS, 0 , the saturation CRSS, sat and the initial hardening
modulus, h0, of each slip mode. Fig. B.2 shows the simulated topographies corresponding to
four selected sets of CRSSs as a function of the grain orientation. It can be seen that the sur-
face profiles around the indents are highly affected by both the crystallographic orientation
of the indented plane as well as the choice of the CP parameters. In the first set of CRSSs,
basal slip is the softest deformation mechanisms. In the grain with  = 7°, the corresponding
simulated profile is a well-defined concentric pile-up around the indent whereas in the other
two orientations ( = 42°and  = 82°) the simulated profile is a twofold symmetric pileup
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 EBSD AFM 
δ = 7º 
 
  
δ = 42º 
 
  
 
 
δ = 82º 
 
 
   
 
         
        25 µm 
  
     -0.75 µm        +0.75 µm 
Fig. B.1: AFM topography maps and EBSD inverse pole figure maps in the direction parallel
to the indentation axis corresponding to representative indents performed in the three grains
under study.
aligned with the c-axis. In the second set of CRSSs, second-order pyramidal hc + ai slip is
the softest deformation mechanism. The deformation profiles around the indents are similar
to those corresponding to the first set. However, in this case, the out-of-plane displacement
profiles are significantly smoother. When the third set of CRSSs, characterised by a very soft
prismatic slip system, is used in the simulations, the grain with  = 7° exhibits a diffuse con-
centric pile-up around the indent while in the two crystallographic orientations with higher
declination angles ( = 42° and  = 82°), a twofold symmetric pile-up pattern aligned with
the basal planes develops. Based on these results, a trial-and-error approach was used to
find an optimized set of CRSSs which gave a reasonably good match between the simulated
and the experimental surface profiles around the indents. Fig. B.2 indicates the ratios of the
initial CRSS and the saturation CRSS of non-basal slip systems with respect to the basal slip
mode for the optimized set. It was found that a good match was obtained when the CRSS of
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basal and prismatic slip were both significantly smaller than that of second-order pyramidal
hc+ ai systems. Using this optimized CRSS set, the sum of the basal and prismatic activity
was found to represent, respectively, 85 %, 90 % and 99 % of the global activity at 300 °C
in the three orientations studied ( = 7°,  = 42° and  = 82°). Although it is known that
the indentations performed in HCP metals where prismatic slip is the dominant deformation
mechanisms lead to the same kind of twofold pile-up profiles as the observed in this work
[58], only the combined activation of basal and prismatic slip can reproduce the elongated
shape of the residual deformations that develop in Mg at 300 °C in the two grains with
higher declination angles.
 1st Set 2nd Set 3rd Set Optimized Set 
 Basal Pris. Pyra. Basal Pris. Pyra. Basal Pris. Pyra. Basal Pris. Pyra. 
𝐶𝑅𝑆𝑆0
∗(MPa) 1 12 12 12 12 1 12 1 12 1 2 12 
𝐶𝑅𝑆𝑆𝑠
∗ (MPa) 3 24 24 24 24 3 24 3 24 3 6 24 
δ = 7º 
 
    
δ = 42º 
 
    
 
 
δ = 82º 
 
 
     
                                 -0 75 µm         +0 75 µm 
 
                                                50 µm 
  
Fig. B.2: Simulated topographies corresponding to four selected sets of CRSSs, each one
tested in the 3 crystallographic orientations analysed. In each set, the corresponding CRSSs
(detailed above the images) are normalized with respect to the initial CRSS of the softest
deformation mode.
130
Appendix B. Slip activity in pure Mg at high temperature studied by nanoindentation
The variation of the Pmax with the declination angle was also analysed. Fig. B.3 compares
the outcome of the simulations for the four selected sets of CRSS ratios studied in Fig. B.2
with the experimental results. Pmax, and not the hardness values, are compared as, due
to the very large pile-ups observed experimentally at 300 °C, the application of the Oliver
and Pharr method may lead to significant errors [165]. Since this study is focused on the
relative comparison between the different slip systems, the maximum load was normalized
with respect to that of the grain with the smallest declination angle ( = 7°). As with the
residual topographies around the indents (Fig. B.2), the normalized Pmax -  curves are also
strongly affected by the relative strength of the different slip systems. Fig. B.3 shows that
only the normalized Pmax -  curve corresponding the optimized set of CRSSs provides a
good match with the experimental data. The fact that both the pile-up patterns and the
variation of the Pmax with the declination angle are only reproduced by the one set of CRSS,
provides additional validation of the optimized set.
Fig. B.3: Comparison between the experimental and the simulated Pmax -  curves corre-
sponding to the four selected sets of CRSS studied in Fig. B.2. In each case, the maximum
load is normalized with respect to that of the grain with  = 7°.
Table B.2 compares the ratios between the initial CRSS of the non-basal and basal slip
systems of pure Mg at RT and 300 °C, measured from single crystal and nanoindentation
experiments combined with CPFE simulations by different authors. It should be mentioned
that Table B.2 only includes data from studies in which both non-basal and basal values
were measured, so that the actual ratios could be calculated. At RT, CRSSpris./CRSSbasal
ratios range from 12 to 50 and CRSSpyra./CRSSbasal from 20 to 80 [49, 90, 136, 166]. Both
ratios are drastically reduced at 300 °C to 6 and 12 [27], respectively. As it can be seen in
Table B.2, the results obtained from the present study fit very well with the described trends
[27, 49, 90, 136, 166], thus confirming that nanoindentation constitutes an efficient tool that
allows studying the deformation mechanisms of Mg and its alloys at high temperature.
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RT 300 °C
CRSSpris./CRSSbasal  13-50 [49,90,136,166] 6 [27] 2 [*]
CRSSpyra./CRSSbasal  20-80 [49,90,136,166] 12 [27] 12 [*]
Table B.2: Summary of the ratios between the initial glide resistance of the non-basal and
basal slip systems of pure Mg at RT [49,90,136,166] and 300 °C [27]-[*current work].
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